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Light vehicle engine pistons have traditionally been cast from near eutectic Al-Si cast 
alloys due to several favourable functional and processing attributes. The 
increasingly demanding engine performance requirements have necessitated the 
need for the development of multicomponent alloys with high alloy content and 
highly complex microstructure. In this regard, recent trends in new piston alloy 
development have been to increase the level of various alloying elements such as Cu, 
Ni and even Si. However, low Si compositions of ∼7 wt% Si and ∼0.7 wt% Si have also 
been proposed largely due to observations that the large blocky primary Si particles 
found in the near-eutectic alloys are potent fatigue crack initiators. Nonetheless, 
previous research on these low Si piston alloys has demonstrated that their fatigue 
performance is significantly impaired by porosity which increases with decreasing Si 
content. With improved processing techniques, porosity can be reduced to levels that 
make it impotent in fatigue failure processes. The aim of this work was therefore to 
characterise the microstructure and fatigue micromechanisms of the low Si piston 
alloys after hot isostatic pressing (hipping) to reduce porosity. This was achieved 
using a combination of various imaging tools and fatigue testing to establish the role 
of microstructure on initiation and growth of fatigue cracks.  
It has been demonstrated using X-ray microtomography that hipping significantly 
reduces porosity, especially in the 0.7 wt% Si alloy, while the intermetallic structures 
remain largely unaffected. The eutectic Si particles in the 7 wt% Si alloy are however 
transformed from a fine fibrous interconnected structure to coarse, spheroidised and 
discrete particles. Hipping has also been observed to improve the fatigue 
performance of the 0.7 wt% Si alloy due to the significant reduction in porosity. 
Fatigue crack initiation has been observed to occur mainly at intermetallic particles 
in both alloys after hipping and, consistent with previous work, the most frequent 
crack initiating phase is found to be Al
9FeNi.  
Analysis of short fatigue crack growth profiles has shown that intermetallics and 
eutectic Si particles preferentially debond, thus providing a weak path for crack 
propagation along their interfaces with the α-Al matrix. However, grain boundaries as 
well as these hard particles have also been shown to frequently act as effective 
barriers to crack growth. On the other hand, long fatigue crack growth analysis has 
shown that fatigue cracks tend to avoid Si and/or intermetallic particles at low ∆K 
levels (up to ∆K∼7 MPa√m). At higher levels of ∆K, the cracks increasingly seek out 
these hard particles up to a ∆K of ∼9 MPa√m after which the crack preferentially 
propagates through them.  It has also been observed that crack interaction with 
intermetallics causes significant crack deflection which may result in roughness 
related closure mechanisms to be activated.  
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Chapter 1  Introduction 
1.1 Background 
From their initial application in pistons in the 1950’s [1], cast aluminium alloys are now 
extensively used in various automotive powertrain components such as wheels and 
cylinder heads. Aluminium engine blocks are now replacing those of cast iron[2] 
because of the need for light weight vehicles to provide fuel efficiency and reduced 
CO
2 emissions. Aluminium alloys are the natural choice because of their light weight in 
addition to a range of desirable engineering properties. These properties include high 
strength to weight ratio, corrosion resistance, electrical and thermal conductivity, good 
machinability and excellent surface finishing [3]. Aluminium-silicon alloys are the 
popular choice for the majority of aluminium castings because of their excellent 
castability especially at or near eutectic composition (11.7 wt.% Si), good wear 
resistance and low thermal expansion [3]. Fuel efficiency and environmental concerns 
guarantee a continued trend toward lightweight vehicles and therefore increased use 
of aluminium alloys together with other competing lightweight materials such as 
magnesium and plastics (especially polymer matrix composites). The focus of this 
study is on the mechanical performance of new cast aluminium alloys that are being 
developed for light vehicle diesel (LVD) engine pistons in response to higher engine 
performance requirements. 
 
The function of a piston in an internal combustion engine is to convert the fuel 
combustion energy into mechanical energy via a connecting rod to the crankshaft [4]. 
The resulting rotary motion of the crankshaft is subsequently transmitted to the 
vehicle wheels through a flywheel and a series of other mechanical linkages. Figure 1.1 
shows a typical diesel engine piston construction [5]. 
 
Although there are no major variations in the basic piston construction, there are 
significant differences in piston design depending on the manufacturer and type of 
engine. In particular, diesel engine pistons differ from those of petrol engines due to 
differences in the engine combustion process. Combustion in diesel engines is ignited 
via compressed air and thus utilise higher compression ratios compared to petrol 
engines which use a spark plug to electrically ignite an air-fuel mixture [4]. This leads T.O. Mbuya    Chapter 1: Introduction 
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to higher cylinder gas temperature and pressures in diesel engines. Current light 
vehicle diesel engines operate at temperatures up to 440
oC while petrol engines run at 
up to 350
oC [4, 5]. The section thicknesses of diesel engine pistons are therefore larger 
in response to the more severe service environment. Diesel engine pistons are also 
required to have more piston rings to avoid gas leakage. The materials performance 
requirements for diesel engine pistons are therefore more severe and alloys must be 
developed that meet the demand.  
 
Figure 1.1 shows that a piston can be divided into a crown and a skirt. The crown 
forms a portion of the combustion chamber and its top surface experiences the 
highest temperatures [5]. The top surface can be flat but a dished, domed or 
irregularly shaped combustion bowl is usually placed at the top of the crown 
depending, for instance, on the design of the combustion chamber and the engine 
compression ratio [4].  Re-entrant bowl designs are for instance used to improve 
thermal efficiency and to reduce noise and gas emissions [6]. This and the high 
temperatures experienced lead to high thermal and mechanical stresses at the bowl 
rim and initiation of fatigue cracks in this region is common [5-7]. Crown design is 
therefore a key factor in piston performance as well as in the choice or design of a 
suitable material. 
 
The piston crown typically has three to four ring grooves for fitting compression and 
oil control rings [5]. The compression rings prevent leakage of fuel and combustion 
gases through the clearance between the piston and cylinder wall, while the oil ring 
controls the amount of oil between the cylinder wall and piston. The ring grooves 
(especially the top one) are subjected to considerable wear as a result of the rotation of 
the top rings, gas, inertia and frictional forces [7]. Piston materials must therefore be 
wear resistant although Ni-resist ring carriers are commonly cast into the piston for 
most diesel engines. 
 
The piston crown is linked to the connecting rod using a pin at the gudgeon pin boss 
region. The upper pin boss region experiences the highest cyclic stresses in the piston 
whilst running at around 200
oC [7]. This area is therefore susceptible to fatigue crack 
initiation[7]. The rest of the piston skirt ensures that the piston remains parallel to the 
cylinder wall during piston motion. It is designed to closely fit in the cylinder, with only 
an oil film separation, in order to achieve quiet piston operation and efficient heat 
release. 
 
Pistons are non-serviceable parts and need to last the lifetime of the engine. The 
loading history encountered during piston operation is complex. Cycling between full T.O. Mbuya    Chapter 1: Introduction 
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engine load and no load induces variable thermal stresses due to temperature 
gradients together with cyclic mechanical stresses due to pressure variations. Creep 
processes are also likely to occur due to the high service temperatures. It is reported 
that piston failure occurs by a mixture of creep and fatigue although fatigue failure 
processes may be dominant [6]. A suitable piston material must therefore possess high 
fatigue resistance at room and elevated temperatures and be resistant to creep at high 
temperature. The material must also be wear resistant, have a low thermal expansion 
coefficient, be dimensionally stable at high temperatures and also be thermally 
conductive. The material should also be light for fuel economy and reduced 
hydrocarbon emissions. Finally, a suitable material must be castable and inexpensive if 
the piston is designed for passenger cars. For high performance applications such as 
motor racing engines, pistons may be forged and will be more expensive [5]. 
 
Passenger car pistons are usually cast from near eutectic multicomponent Al-Si cast 
alloys with high levels of Cu, Mg and Ni for improved high temperature mechanical 
properties [4, 7, 8]. Other elements such as Sr, P, Zr, T, and V are also added 
depending on the specific alloy design [8, 9]. Eutectic alloys are preferred because they 
have excellent fluidity and feedability due to their near zero solidification range. 
Moreover, the high Si content also imparts high strength and elastic modulus, 
dimensional stability, wear resistance and lower thermal expansion to the alloy [7, 8]. 
 
However, recent trends toward increased engine ratings, emission requirements and 
the drive for efficiency have necessitated a combination of new piston designs and 
development of new materials. In the early 1990s, indirect injection light vehicle diesel 
engines operated at up to ∼300
oC at the combustion bowl edge with maximum cylinder 
pressures approaching 13 MPa [7]. In early 2000, these operation conditions had gone 
up to ∼400
oC and 17.5 MPa, respectively due to increased performance demand. High 
performance direct injection engines can now operate at up to ∼440
oC and pressures 
above 20 MPa [5]. Additional design measures such as incorporation of cooling 
galleries serve to reduce the temperature problem as well as providing further weight 
reduction. Other design modifications are geared towards efficient fuel combustion; at 
the crevice between the piston and cylinder wall and at the top ring region [10, 11]. 
These redesigns necessitate new high performance piston alloys due to the reduction 
in the load bearing area of the piston and the higher service temperatures and 
pressures. 
 
The trend in new alloy development is to alter the level of various alloying elements 
such as increasing the level of Cu from ~2 to 4 wt.% and Ni from ∼1 to 3 wt.% [5, 7]. 
Chen [4] has suggested a piston alloy with about 12.5 w.t% Si, 5.5 wt.% Cu, 3.0 wt.% Ni T.O. Mbuya    Chapter 1: Introduction 
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and 2.5 wt.% Mg using thermodynamic calculations, Eshelby modelling and properties 
of intermetallics. Si levels above the eutectic have been suggested [7, 11, 12], but low 
Si alloys have also been proposed although the various beneficial properties imparted 
by Si are inevitably impaired in this case. Nonetheless, the low Si piston compositions 
seem to be motivated by the observations that the large blocky primary Si particles in 
the near-eutectic alloys are potent fatigue crack initiators [13]. Furthermore, the Si 
particles are also associated with increased fatigue crack growth rates at higher stress 
intensity range (∆K) levels [14] although this may not be necessarily significant in 
piston design. Other additions found to be useful are small amounts of Ti, V and Zr 
which have been suggested to further improve high temperature strength [8, 9, 15] in 
addition to being used as grain refiners. Phosphorus is used to refine primary Si for 
hypereutectic alloys while Sr is often used to modify the eutectic Si to a fine fibrous 
structure. 
 
The microstructure of these alloys is necessarily complex as it is the high intermetallic 
content that imparts the improved high temperature fatigue and creep strength in 
addition to the improved matrix strength [7, 8, 15]. These microstructures and their 
influence on the micromechanisms of fatigue failure must be well characterised in 
order to optimise the performance of these alloys in service. This defines the general 
aim of this study although the work presented here was more concerned with 
microstructural characterisation and evaluation of the micromechanisms of fatigue 
failure. The micromechanisms of failure of these alloys are complex and difficult to 
characterise and thus provide a challenging task. 
 
Three model piston alloys that are of interest in this study are shown in Table 1.1 [5]. 
Note that the principal difference in their composition is in terms of the Si level. The 
alloys are therefore referred to as Al12Si, Al7Si and Al0.7Si to reflect their approximate 
Si content. Alloy Al12Si is a near eutectic alloy containing 12.45 wt.%Si (which is 
slightly hypereutectic). The microstructure of this alloy comprises of an unmodified Al-
Si eutectic, a complex network of mainly Cu- and Ni-based intermetallics and few 
primary Si crystals. On the other hand, alloy Al7Si-Sr is a Sr-modified hypoeutectic Al-Si 
alloy with 6.9 wt.%Si and its microstructure is comprised of primary α-Al, a modified 
eutectic Si and a network of intermetallics located at the interdendritic regions. Alloy 
Al0.7Si has a low Si content of 0.67 wt.% and is therefore technically not an Al-Si cast 
alloy. Its microstructure therefore contains primary α-Al and a complex network of 
intermetallics. 
 
The low Si alloys (Al7Si-Sr and Al0.7Si) were developed as possible alternatives to the 
conventional near eutectic alloys. These alloys are however more susceptible to T.O. Mbuya    Chapter 1: Introduction 
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porosity formation and previous work [5] has shown that their fatigue behaviour is 
significantly influenced by these pores especially for alloy Al0.7Si. This study 
concentrated on the fatigue behaviour of the hipped (i.e., hot isostatically pressed) 
versions of the low Si piston alloys to establish the operating micromechanisms of 
fatigue at reduced porosity levels. 
Table 1.1 Compositions (wt. %) of the model piston alloys of interest in this study. 
Alloy
  Si  Cu  Ni  Mg  Fe  Mn  Zr  V  Ti  P  Sr 
Al12Si  12.45  3.93  2.78  .67  0.44  0.03  0.05  0.04  0.01  0.006  0 
Al7Si-Sr  6.90  3.89  3.00  0.62  0.22  0.03  0.05  0.04  0.01  0.005  0.015 
Al0.7Si  0.67  3.91  2.99  0.80  0.21  0.05  0.01  0.01  0.01  0.005  0 
1.2 Aims and Objectives 
The aim of this study was to characterise the microstructure and the micromechanisms 
of fatigue failure of the hipped low Si model piston alloys along with comparison to 
previous work on unhipped alloys. This work, together with previous work, will provide 
useful information for the development of tools to predict the fatigue performance of 
these alloys and others with similar microstructural architecture. 
 
The following objectives were identified to help achieve this goal: 
•  Characterise 2-D and 3-D microstructure features using a combination of 
optical and scanning electron microscopy (OM & SEM), and X-ray computed 
tomography (CT). 
•  Characterise fatigue crack initiation and the growth of these cracks using a 
series of fatigue tests (i.e., S-N, short and long fatigue crack growth tests) and a 
combination of OM, SEM and CT analysis. 
•  Use the data from microstructure analysis and fatigue testing to correlate 
fatigue failure with microstructure. 
 
Figure 1.1: Photograph of typical light vehicle diesel engine pistons [5]. T.O. Mbuya    Chapter 1: Introduction 
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Chapter 2  Literature review 
2.1  Introduction 
The failure of castings under mechanical loads is controlled by their microstructure 
which includes a number of microstructural constituents and casting defects. Typical 
microstructure features in Al-Si cast alloys, which were the focus of this study, include 
α-Al dendrites, Si particles (eutectic or primary) and several intermetallic compounds 
whose type, volume and size distribution depend on the alloy chemistry and 
solidification conditions. These phases play a significant role in the mechanical 
performance of these alloys. However, Al-Si castings (as with all other castings) are 
susceptible to the formation of a range of casting defects, such as porosity and oxide 
films. Extensive studies have shown that these defects, especially porosity, can have a 
dominant influence on the mechanical performance of castings depending on their size 
and location. It is when these defects are eliminated or reduced to low levels that 
various microstructural constituents begin to truly dominate the failure process. It is 
imperative therefore that there be a thorough characterisation of the microstructure 
before any microstructure-property relationships can be sought through a 
micromechanistic analysis. 
 
This review therefore begins with a brief discussion of the microstructure of Al-Si cast 
alloys in section 2.2. This is followed by a detailed and critical presentation of the 
micromechanisms of fatigue behaviour of these alloys in sections 2.3 and 2.4.  
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2.2  Microstructure of Cast Al-Si Alloys 
2.2.1  Introduction 
Al-Si cast alloys are by far the most popular of aluminium casting alloys [1]. This is 
mainly due to their excellent castability imparted by silicon and other desirable 
characteristics, some of which have already been mentioned in Chapter 1. Silicon is 
fairly inexpensive and is one of the few elements that are added to aluminium to 
reduce its density (2.33 g/cm
3 for Si cf. 2.698g/cm
3 for Al) [2]. The coefficient of 
thermal expansion of aluminium is also appreciably reduced by the addition of 
increasing amounts of Si [3]. Moreover, Al-Si alloys have excellent wear resistance [4] 
and have better thermal conductivity compared to cast iron which these alloys have 
replaced in many automotive castings [3]. 
 
The Al-Si system is a simple binary eutectic in which Si has limited solubility in Al. The 
solubility of Si in Al reaches a maximum at 1.65wt.% Si at the eutectic temperature of 
577
oC [5]. There is only one invariant reaction in this system; a eutectic reaction which 
takes place at a Si level of around 11.7 % Si [1, 5]. Binary Al-Si alloys are however of 
limited practical importance in structural applications. Commercial Al-Si alloys 
therefore have different levels of other alloying elements which are added to tailor 
their microstructure for the intended applications. The microstructure features found 
in some of the most common commercial cast Al-Si alloys as well as the more 
specialised alloys for piston applications are briefly discussed in section 2.2.2. This 
discussion is not meant to be a comprehensive review but is merely designed to 
provide an overview of the various microstructure features occurring in these alloys as 
influenced by various factors. This is deemed to be useful in the context of 
microstructure-based fatigue micromechanisms discussed in the subsequent sections 
of this chapter and indeed the whole report. 
2.2.2  Commercial Al-Si Alloys 
2.2.2.1  Common cast Al-Si alloys 
The most popular cast Al-Si alloys belong to the AA 3xx series group of alloys although 
some belong to the AA 4xx series and usually contain Mg and/or Cu amongst other 
elements depending on the desired properties. Table 2.1 shows the compositions of 
some of the most popular alloys, which include A356, A357 and 319[6]. A356 and 
A357 have a Si content of about 7 wt.% and typical Mg levels of ∼0.3 wt.% for A356 and 
∼0.7 wt.% for A357. These alloys are widely used in automotive components (e.g., 
wheels and cylinder heads) [7] and for critical aircraft castings such as the engine 
support pylon [8]. The 319 alloy is obtained from recycled material and has several T.O. Mbuya    Chapter 2: Literature review 
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variants because of its wider composition and impurity specification limits. The W319 
variant would typically contain ∼7.5 wt.%Si, ∼3.5 % wt.% Cu, ∼0.3 wt.% Mg and various 
other minor elements and impurities[9]. The 319 type alloys have received increased 
interest in the recent past in the automotive industry and are, for example, being used 
to replace cast iron in cylinder heads and engine blocks [7, 8, 10, 11]. The A380 and 
A413 are diecasting alloys used for several engineering applications. On the other 
hand, the 390 alloy is a hypereutectic alloy which is used in many engineering 
components requiring higher wear resistance such sleeveless engine blocks and in 
some automatic transmission parts [8]. The main microstructure feature of interest in 
this alloy is its hard primary Si crystals which provide the high wear resistance. The 
primary Si particles are usually refined by adding phosphorus to improve its otherwise 
poor machinability and also improve the mechanical performance of the alloy [8, 12]. 
Table2.1 Compositions of common commercial Al-Si alloys [13]. 
Alloy
*  Si  Cu  Mg  Fe  Mn  Ni  Zn  Ti 
319.0  5.5-6.5  3.0-4.0  0.1  1.0  0.5  0.35  1.0  0.25 
A356.0  6.5-7.5  0.2  0.25-0.45  0.2  0.1  -  0.1  0.2 
A357.0  6.4-7.5  0.2  0.45-0.7  0.2  0.1  -  0.1  0.2 
A380  7.5-9.5  3.0-4.0  0.1  1.2  0.5  0.5  3.0  - 
B390  16.0-18.0  4.0-5.0  0.45-0.65  1.3  0.5  0.1  1.5  0.2 
A413.0  11.0-13.0  1.0  0.1  1.3  0.35  0.5  0.5  - 
*Compositions are in wt.% and single values are maximum limits. The balance is aluminium and 
other trace elements such as Cr, Pb and Sn. 
 
Figure 2.1 shows typical optical microstructures of Sr modified A356 and A357 alloys 
[14]. The as-cast microstructures of these alloys constitute mainly α-Al dendrites, 
eutectic Si, and various intermetallic phases such as β-Al
5FeSi, π-Al
xFeMg
ySi
z (e.g., 
Al
8FeMg
3Si
6 or Al
9FeMg
3Si
5) and Mg
2Si phases [14, 15]. The 319 type alloys have a more 
complex microstructure due to the wider latitude in their nominal chemical 
composition specification. In addition to the phases above, the higher levels of Cu, Fe 
and Mn in 319 type alloys lead to the formation of various other intermetallic phases 
such Al
2Cu, α-Al
15(Fe,Mn)
3Si
2 and Al
5Cu
2Mg
8Si
6[16]. Figure 2.2 shows the typical 
microstructure of an A319 alloy in which some of these phases are identified. The 
Al
2Cu phase can solidify as massive (or blocky) or fine eutectic particles depending on 
the level of Cu, Fe and Sr in the alloy [17]. The Al
5Cu
2Mg
8Si
6 phase occurs when Mg is 
present although in smaller amounts than the Al
2Cu phase. Strengthening of the α-Al 
matrix in these alloys is achieved after heat treatment due to the formation of various 
precipitates such as Si, β′-Mg
2Si (or β′′-Mg
2Si), θ′-Al
2Cu, S′-Al
2CuMg or Q-Al
4Cu
2Mg
8Si
7 
depending on the Cu and Mg contents in the alloy and the heat treatment schedule 
[14, 18-21]. 
 
In Al-Si castings, the α-Al matrix phase is comprised of dendritic grains which typically 
contain several secondary dendrite arms. The size of the secondary dendrite arms is 
usually referred to as ‘secondary dendrite arm spacing’ (SDAS) or ‘dendrite cell size’ T.O. Mbuya    Chapter 2: Literature review 
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(DCS). The grains can be columnar or equiaxed depending on a number of variables 
such as the temperature gradient, alloy chemistry and availability of potent nucleant 
particles for heterogeneous nucleation [22, 23]. For most aluminium castings, fine 
equiaxed grains are often desired and usually achieved through addition of various 
types of grain refiners (mostly based on Al-Ti-B) [24] although rapid cooling, such as in 
high pressure diecasting, can also give the same result [1]. Grain refiners introduce (to 
the alloy) particles such as TiAl
3, TiB
2 or (Al,Ti)B
2 which are known to be potent 
nucleants for heterogeneous nucleation. The ‘acceptable’ grain size is often quoted to 
be around 200 µm for purposes of determining the efficiency of grain refiners [24] 
although it is common to find grain sizes ranging from ∼0.1 mm to more than 1 mm in 
aluminium castings depending on the type of alloy, the cooling rate and grain refiner 
addition levels [9, 24]. For example, Caton [9] reports grain sizes ranging from ∼0.2 to 
4 mm and ∼0.3 to 9 mm for grain refined and unrefined 319 type aluminium castings 
for solidification times ranging from ∼44 to 2200 seconds (with an SDAS range of ∼23 
to 100 µm). 
 
It is generally believed that grain refinement improves an alloy’s castability and 
mechanical properties [25]. However, experimental evidence [25-27] shows that the 
effect of grain refinement on various castability parameters such as fluidity, feedability 
and hot tearing is a complex interaction of the operating thermal and feeding 
conditions related to casting design and the process used. It is the interaction between 
these factors and the alloy chemistry (e.g. level of grain refiner addition and 
subsequent grain size) that determine the degree of castability. As such, it is common 
to find apparently contradicting experimental findings on the effect of grain 
refinement on the various castability parameters [27-29]. 
 
The secondary dendrite arm spacing is an important microstructure feature in castings 
since it is directly related to the solidification rate and it therefore has a direct bearing 
on the size and distribution of other microstructure features and casting defects. The 
relationship between SDAS and cooling rate (R) in cast aluminium alloys is as shown in 
Figure 2.3 and can be expressed by the following equation [30]: 
 
SDAS = CR
-φ                    (2.1) 
 
The empirical constants C and φ have been reported by Wang et al. [30] to range from 
∼39.4 to 41.6 and ∼0.317 to 0.34, respectively. Gustafsson et al. [31] have cited 
slightly higher values of 45.7 and 0.4 for C and φ respectively although the trend still 
remains the same. Average SDAS values typically range between ∼25 to 100 µm in sand 
castings and ∼10 to 40 µm for permanent mould castings (i.e., gravity diecastings, low- T.O. Mbuya    Chapter 2: Literature review 
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and high-pressure diecastings and squeeze castings) [11, 30, 32]. 
 
The various iron-bearing phases that form in aluminium castings are due to the 
presence of Fe which is usually an impurity and generally believed to be detrimental to 
the castability and mechanical properties [33]. The most detrimental of the iron-rich 
compounds is reported to be the β-Al
5FeSi phase because of its platelet morphology 
[34]. This phase is variously reported to decrease the ductility, fracture toughness and 
fatigue resistance of cast Al-Si alloys [30, 33, 34]. The formation of β-Al
5FeSi particles 
and their size and spatial distribution depends on the cooling rate and Fe content [33]. 
Figure 2.4 shows a typical relationship between the maximum β-Al
5FeSi platelet lengths 
and SDAS for an A356 type alloy containing 0.15 wt.%Fe [35]. It can be seen that plate 
lengths of up to ∼160 µm are possible in this alloy even for the relatively low Fe 
content. Moreover, β-Al
5FeSi platelets with lengths ranging from less than 5 µm to 
more than 500 µm have been reported for a 319 type alloy containing 0.46 wt.% Fe and 
solidified at between 172 and 1222 seconds (corresponding to SDAS of between ~15 
and 95 µm) [36]. The thicknesses of the β-Al
5FeSi platelets are however seldom 
reported although Moustafa [37] has measured average thickness values of 1.0±0.2 µm 
for platelets with average lengths of 50±10 µm in an Al-11.64 wt.%Si alloy containing 
0.23 wt.% Fe (at SDAS ∼ 23±4 µm). At the same cooling rate but with Fe levels increased 
to 1.18 wt.%, the average thickness increased to only 1.7±0.4 µm while the average 
lengths increased to 400±24 µm. It is this thin plate-like morphology that makes this 
phase particularly more damaging to both castability and mechanical properties which 
can respectively be attributed to its possible blockage of feeding channels (during 
solidification) and propensity to cracking (during loading) [33, 38]. 
 
Various elements such Mg, Cr, Mn and Sr are therefore usually added to suppress the 
formation of β-Al
5FeSi particles and encourage other phases with less damaging 
morphologies to form (e.g., Chinese script) [16, 31, 34]. For example, the higher level 
of Mg in the A357 alloy encourages the formation of π-AlFeMgSi particles with a 
Chinese script morphology [15, 39]. However, these π-AlFeMgSi particles also 
contribute significantly to the reduction in ductility of the A357 alloy in which they are 
reported to be larger (on average) than Si particles [40]. This is clearly illustrated in 
Figure 2.5 which provides a good example of the distribution of average Si and 
intermetallic particle sizes and their aspect ratios in unmodified and Sr-modified A356-
T6 and A357-T6 alloys at different SDAS. It can be seen that the π-AlFeMgSi phases in 
A357-T6 are larger and more elongated than Si particles while the β-Al
5FeSi particles in 
A356-T6 are smaller albeit relatively more elongated compared to Si particles. Note 
that in this case, the particle sizes are reported in terms of the area equivalent T.O. Mbuya    Chapter 2: Literature review 
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diameter. By comparing the aspect ratios, it is clear that the β-Al
5FeSi particles should 
be larger than Si particles if measured in terms of maximum Feret length; especially in 
the modified A356-T6 alloy. 
 
It is worth mentioning that the composition of A357 alloy also includes low levels of Be 
(0.04 to 0.07 wt.%) which is added to suppress the formation of large Fe-bearing 
phases as well oxide formation during melt handling [6, 15, 41]. Moreover, solution 
treatment is also known to partially transform the π-AlFeMgSi particles to clusters of 
fine β-Al
5FeSi particles although the efficiency of this transformation decreases with 
increasing Mg content [31, 42, 43]. 
 
The size, shape and spatial distribution of Si particles are influenced by the amount of 
Si in the alloy, cooling rate, modification and heat treatment. Figure 2.5 clearly 
illustrates the effect of cooling rate (SDAS) and Sr-modification on particle sizes and 
aspect ratio. Unmodified eutectic Si particles usually have a coarse acicular morphology 
which is detrimental to mechanical properties, especially ductility [1]. Fine fibrous Si 
particles are obtained through addition of ∼0.015 wt.% Sr although other elements 
such as Na and Sb can also be used [1]. However, the modification treatment via Sr 
addition is sometimes avoided because it is associated with increased porosity levels in 
the alloy which tends to negate its benefits [1, 44]. Rapid cooling is a more viable 
alternative for refining Si particles and other microstructure features although it may 
not be practical in certain cases such as in large sand castings (e.g., cylinder heads or 
engine blocks) [1, 45]. Si particles can also be fragmented, spheroidised and even 
coarsened during solution treatment although the extent of this transformation 
depends on their initial size and shape as well as the solution temperature & time [46].  
2.2.2.2  Cast Al-Si piston alloys 
For piston applications, Al-Si alloys of eutectic or near eutectic composition are 
commonly used mainly because of the requirement for high castability, low coefficient 
of thermal expansion and an optimum combination of other desirable properties such 
as wear resistance and thermal conductivity [22, 47, 48]. The high temperature 
strength requirements for piston alloys are however achieved by increased Cu, Mg and 
Ni contents in the alloy. Together with Si, these elements improve the strength of these 
alloys via such mechanisms as solid solution, precipitation and particulate 
strengthening. Copper contents of between 1 to 4 wt.% are usually specified and form 
the θ′-Al
2Cu and also S′- Al
2CuMg strengthening phases by combining with Al and Mg. 
However, at piston service temperatures, these phases rapidly coarsen and form the 
non-coherent θ-Al
2Cu and S-Al
2CuMg phases with accompanying loss of strength and 
dimensional stability [48-50]. It has been suggested [49] that these strengthening T.O. Mbuya    Chapter 2: Literature review 
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phases can be stabilised by using a Cu/Mg ratio (by wt.%) of about 4 to 15 with Mg not 
being less than 0.5 wt.%. Furthermore, the same authors assert that a Si/Mg ratio 
ranging from 14 to 18 also ensures sufficient Mg
2Si. However, the addition of Ni at 
levels between 0.5 and 3 wt.% forms various strengthening Ni-containing phases such 
as Al
3Ni and Al
3Ni
2 that are exceptionally stable at high temperature [49]. Increasing 
both Cu and Ni results in thermally stable AlCuNi type strengthening intermetallics 
(e.g. Al
3(NiCu)
2 and Al
7Cu
4Ni phases) [50]. Nickel also combines with Fe to form FeNiAl 
type phases (e.g. Al
9FeNi) that are also stable at high temperature and provide further 
strengthening [50]. It is for this reason that some patents actually suggest iron 
contents of between 0.1 and 2 wt.% to be specified in some piston alloys [51]. 
Moreover, the formation of Si precipitates in these alloys is also expected to provide 
additional strengthening [52, 53]. 
 
Recent investigations are looking at increasing the performance of piston alloys by 
further increasing the Cu and Ni contents and increasing the Si level above the eutectic 
although there are concerns about reductions in castability [50, 51]. Table 2.2 presents 
some commercial piston alloys and their chemical compositions. Table 1.1 in Chapter 
1 also shows the chemical composition of the piston alloys which are investigated in 
this study. The two tables indicate that there is an increasing trend towards high 
alloying content in pistons. The aim of these developments has been to achieve 
maximum performance at high temperatures of 350
oC and above [50]. Small additions 
of titanium, vanadium and zirconium have also been suggested to further improve 
high temperature strength [47, 49]. These elements form compounds of the Al
3X type 
(X=Ti, V, Zr) which are stable and coherent with the α-Al matrix and, as such, impart 
high temperature strength and creep properties [49]. These particles also act as grain 
refiners for α-Al primary dendrites [47]. Moreover the high Si contents provide 
additional improvement in strength, elastic modulus and wear resistance of the alloys. 
As with other Al-Si alloys, Si particle refinement in piston alloys can be achieved either 
by Sr-modification for hypoeutectic compositions or by addition of P for hypereutectic 
Al-Si alloys. 
 
The microstructure of piston alloys is certainly more complex compared to the 
conventional commercial Al-Si alloys discussed in section 2.2.2.1. This complexity 
varies depending on the amount of alloying elements in the alloy such that different 
intermetallics phases are often observed. In addition to AlNi, AlNiCu, and AlFeNi 
phases discussed above, studies [3, 22, 54] show that several other phases can occur 
such as Al
7Cu
2Fe, Al
2Cu, β-Al
5FeSi, π-AlFeMgSi, Mg
2Si, α-Al
15(Fe,Mn)
3Si
2 and Al
5Cu
2Mg
8Si
6. 
These intermetallics usually have highly complex morphologies and are in most cases 
interconnected in a three dimensional (3D) network. Figure 2.6a shows a typical optical T.O. Mbuya    Chapter 2: Literature review 
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micrograph of an AE413 piston alloy which indicates the complexity of its 
microstructure. Some of the intermetallics found in this alloy are identified in the 
backscattered scanning electron microscope (SEM) images in Figure 2.6b. Figure 2.7 
further shows the 3D interconnected microstructure of a typical piston alloy (i.e., 
Al0.7Si alloy shown in Table 1.1) in comparison to that of A356. Significant 
intermetallic clustering is often observed in some piston alloys such as the one shown 
in Figure 2.7a [50, 55]. These intermetallics and particularly the large clusters can 
significantly reduce the alloys resistance to fatigue cracking [56]. Mechanical property 
characterisation of some of these phases shows that they are significantly stiffer and 
harder than the α-Al matrix [57] and would therefore experience higher stresses during 
loading due to load partitioning. Like Si particles, these particles are likely to actively 
participate in fatigue crack initiation either via interface failure or fracture mechanisms 
depending on their size, shape and orientation relative to the loading direction. 
Table 2.2 Examples of commercial Al-Si piston alloys and their compositions [13, 22, 
48, 50, 58, 59]. 
Alloy
*  Si  Cu  Mg  Fe  Mn  Ni  Zn  Ti 
332.0
  8.5-10.5  2.0-4.0  0.5-1.5  1.3  0.5  0.5  1.0  0.25 
336.0
  12.0  1.0  1.0  1.2  -  2.5  0.35  - 
339.0
  12.0  2.25  1.0  1.2  -  1.0  1.0  - 
AC8A
  11.0-13.0  0.8-1.3  0.7-1.3  0.8  0.15  0.8-1.5  0.15  0.2 
LM13
  10.0-12.0  0.7-1.5  0.8-1.5  1.0  0.5  1.5  0.5  0.2 
LM26
  8.5-10.5  2.0-4.0  0.5-1.5  1.2  0.5  1.0  1.0  0.2 
FM120  12.0  1.0  1.0  0.7  -  1.0  -  0.1 
AE113  10.5-12.5  2.5-3.5  0.8-1.2  0.4  0.15  0.7-1.3  0.1  0.2 
AE413  12.3  1.2  1.0  0.6  0.22  0.82  0.1  0.07 
AE135  12.5-14.0  4.5-5.5  0.8-1.3  0.5  0.1  0.8-1.3  0.2  0.2 
AE160  11.2  3.1  1.05  0.3  0.08  2.27    0.17 
Nural S2  12.0  3.4  1.1  0.4  0.1  2.3  0.02  0.01 
Mahle 142  12.0  3.5  0.75  0.3  -  2.5  -  0.15 
FMS2N  12.3  3.6  1.0  0.5  0.2  2.5  -  0.05 
FMB2  14.5  4.2  1.0  0.5  0.15  3.1  -  0.05 
Thermodur  12.5-13.3  3.3-3.9  0.6-1.1  0.65  0.1-0.35  1.75-
2.25 
-  - 
*Compositions are in wt.% and single values are maximum limits. The balance is aluminium and 
other trace elements such as Cr, Zr, V, Pb, Sn and P. 
 
2.3  Fatigue damage 
2.3.1  Introduction 
Fatigue failure is a consequence of accumulation of microdamage in a material due to 
cyclic loading. Many engineering structures and components are subjected to cyclic 
stresses or strains during service. As such, a thorough understanding of the underlying 
mechanisms of fatigue failure is necessary for the safe design of components and 
structures. The mechanics of fatigue failure depend on a number of factors including 
the environment, loading conditions, microstructure and component geometry. In a 
broad sense, fatigue can be divided into the following forms [60, 61]: T.O. Mbuya    Chapter 2: Literature review 
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1.  Mechanical fatigue – due to mere fluctuations in externally applied stresses 
or strains on a material. This may also include contact and fretting fatigue. 
Contact fatigue (sliding or rolling) is due to cyclic loading along with sliding 
or rolling contact between materials while fretting fatigue is due to pulsating 
stresses in conjunction with oscillatory relative motion and frictional sliding 
between faces. 
2.  Creep-fatigue – due to cyclic loading of a component at high temperatures. 
3.  Thermomechanical fatigue – due to cyclic loading of a component whose 
temperature also fluctuates. 
4.  Corrosion fatigue – due to cyclic loading of a material in the presence of a 
chemically aggressive or embrittling environment. 
 
Whatever the type of fatigue, damage progression in metals can commonly be divided 
into two broad stages as follows [60, 61]: 
1.  Fatigue crack initiation - This stage includes the initial stages of 
microstructural damage that lead to creation of microscopic cracks and the 
coalescence of these cracks to form a dominant crack. Fatigue crack initiation 
is, in general, a localised event and occurs at areas which experience a high 
concentration of stresses and strains during cyclic loading. 
2.  Stable propagation of the dominant fatigue crack – This stage includes the 
stable propagation of small cracks (also called short cracks) and large (or 
long) crack growth. The growth behaviour of small fatigue cracks is 
fundamentally different from that of long cracks as discussed in Section 
2.3.4.  
 
The total fatigue life of a component therefore incorporates the number of load cycles 
required to initiate a dominant crack and to propagate this crack until failure occurs. 
Either of the two stages can dominate fatigue life depending on the loading conditions, 
microstructure and environment. A micromechanistic understanding of these stages is 
necessary to facilitate the development of application (or component) specific 
materials. 
2.3.2  Total fatigue life (Stress-life or strain-life approach) 
Whilst Section 2.2.1 asserts that fatigue failure is, in general, a sequence of 
microdamage accumulation processes, continuum approaches are widely used to 
characterise total fatigue life as a function of variables such as applied stress (or strain) 
range, mean stress and environment [60]. Fatigue data is usually conveniently 
presented in the classical form of stress-life (S-N) or strain-life curves (i.e., curves of T.O. Mbuya    Chapter 2: Literature review 
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stress or strain amplitude vs. number of cycles to failure) first adopted by Wöhler in 
1860 [60] (see schematic in Fig. 2.8). The curve is essentially a graphical plot of the 
number of loading cycles that a specimen (usually a smooth laboratory specimen) can 
sustain before it fails. Several specimens are required to develop the curve and these 
are tested at different constant stress (σ
a) or strain amplitude (ε
a) levels. The specimens 
can be tested using different specimen and loading configurations such as plane 
bending, rotating bending, uniaxial compression-tension (push-pull) or tension-tension 
(pull-pull) cyclic loading. Effects of mean stress, variable amplitude loading, frequency 
and environment can also be accounted for. Details of general principles of S-N fatigue 
testing methods are provided in several standards such as ASTM Standards E466-E468 
and British standards BS 3518-1:1993, BS 3518-2:1962, BS 3518-3:1963 & BS 3518-
5:1966. 
 
Some materials such as mild steels exhibit a ‘knee’ in the S-N plot below which the 
specimen is assumed to have infinite life (i.e. the curve decreases asymptotically to a 
horizontal constant amplitude stress value) [62]. This typically occurs at load cycles 
beyond 10
6 [60]. This stress amplitude is referred to as the endurance limit or fatigue 
limit (σ
e). Suresh [60] reports that σ
e is ∼35% to 50% of the tensile strength (UTS) for 
most steels and copper alloys. Many high strength steels and most non-ferrous 
materials such as aluminium alloys do not exhibit this behaviour within the 
conventional loading cycles of 10
7. Instead, the endurance limit (or more preferably, 
fatigue strength) is specified as the stress amplitude required to give a nominal life of 
at least 10
7 fatigue cycles [60]. It is suggested that the fatigue limit represents the 
stress at which a balance occurs between fatigue damage and localised strengthening 
due to strain aging [63]. Therefore, materials which undergo strain aging are expected 
to have an S-N curve with a sharp ‘knee’ and a well-defined fatigue limit and vice versa.  
 
However, some S-N curves are based upon fatigue data generated using the 
conventional servohydraulic machines operating at frequencies of up to 100 Hz. At 
these frequencies, tests are often stopped when failure does not occur after 10
7 fatigue 
cycles. Conclusions on the presence or absence of σ
e for various materials are 
therefore based on the assumption that the S-N curve can be extrapolated to higher 
fatigue cycles by following its shape as established after about 10
7 cycles. Recent 
fatigue data generated at frequencies of up to 20 kHz using ultrasonic fatigue testing 
equipment have however shown that this assumption may be invalid for several 
materials such as cast iron, different types of steels and several cast aluminium and 
magnesium alloys [64-70]. For example, experiments [64] have shown that a 319 type 
cast Al alloy exhibits a ‘knee’ in its S-N curve at between 10
7 and 10
9 cycles contrary to 
conventional belief (see Figure 2.9). Indeed, similar observations have been made by T.O. Mbuya    Chapter 2: Literature review 
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Mayer et al. [70] on an AlSi9Cu3 cast aluminium alloy and several cast magnesium 
alloys (i.e., AZ91, AE42 and AS21). Nevertheless, several aluminium alloys, high 
strength steels and other materials such as titanium alloys have been shown not to 
possess an endurance limit even in the gigacycle regime (10
9 cycles) [68, 71-74]. Based 
on some of these observations, Bathias [65] actually suggests that infinite life does not 
exist. 
 
While it is impractical for most laboratories to carry out fatigue tests to the gigacycle 
regime, many automotive components are often cyclically loaded beyond 10
8 cycles 
[64, 70]. It is therefore useful to understand the fatigue behaviour of components 
loaded beyond 10
7 cycles. Table 2.3 shows typical tensile properties and endurance 
limits (or fatigue strengths) for common aluminium alloys for completely reversed, 
constant amplitude loading conditions. It is important to note that most of the data 
relate to the gigacycle regime and therefore higher endurance limits or fatigue 
strengths could have been inferred if tests were stopped at 10
7 cycles. Moreover, these 
values apply to the specific material processing conditions. For instance, reducing the 
cooling rate of most castings will result in lower fatigue lives for a given loading 
condition and therefore a lower endurance limit or fatigue strength. See, for example, 
Caton et al. [64] and Zhu et al. [10] for data on the 319-type cast aluminium alloy. 
 
The portion of the total fatigue life that is spent during crack initiation can vary from 0 
to 80% depending on the applied stress amplitude and soundness of the specimen 
[60]. At high stress amplitude, which is usually referred to as low cycle fatigue (LCF), 
the bulk deformation of the sample is plastic and fatigue life is dominated by the strain 
amplitude. In this case, fatigue crack initiation occurs early, and sometimes during the 
first loading cycle. There is also a tendency towards multiple fatigue crack initiation at 
higher stress (or strain) amplitudes. Fatigue crack initiation life is therefore negligible 
and the total fatigue life is mainly due to crack propagation. At low stresses, however, 
global deformation is elastic although local plastic deformation may still occur at 
stress concentrating features such as sharp corners or at the tips of hard intermetallic 
particles. Fatigue crack initiation may still occur at these locations but it is increasingly 
difficult and crack initiation life constitutes a major portion of the total fatigue life. 
This is schematically illustrated in Figure 2.10.  
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Table 2.3: Typical fatigue limits (or fatigue strengths) of some common alloys (for R = -
1). 
Alloy  UTS
 
(MPa) 
YS
 
MPa 
δ 
(%) 
𝜎𝑒 
(MPa) 
Addition information and comments
 
2024-T351
1  460  352  18  95  Mean grain size of 230 µm in rolling direction.𝜎𝑒= 
fatigue strength at 10
9 cycles (i.e., no fatigue limit 
observed). 
6061-T6
2  383  363  13.5  145  Mean grain size of 50 µm in the extrusion 
direction. 𝜎𝑒=fatigue strength at 10
9 cycles. 
7075-T6
3  645  595  6.3  193  Mean grain size of 50 µm in the extrusion 
direction. 𝜎𝑒=fatigue strength at 10
9 cycles. σ
e=173 
MPa for T66 and T64. 
A356-T6
4  280  210  -  >70  Thixocast with globular grains of 75 µm on 
average. No failures at ∼70 MPa up to 10
9 cycles. 
80 MPa not tested.  
AlSi7Mg0.3-
T6
5 
297  214  13  71  Permanent mould cast & forged. SDAS = ∼20-40 
µm. 𝜎𝑒=fatigue strength at 10
9 cycles. 
AlSi7Mg-T6
6  223  160  5.1  <62  Low pressure die-cast. SDAS = ∼50 µm. Specimens 
failed just before 10
9 cycles but no failures at ∼53 
MPa. 
W319-T7
7 
 
327  223  3.93  56  SDAS = ∼23µm. Fatigue limit at 10
9 cycles. 𝜎𝑒=35 & 
40 MPa for SDAS=70 & 100 µm, respectively. Fe 
content =0.38 wt.%. 
E319-T7
8  290  199  -  84  Resin bonded sand cast. SDAS = ∼30µm. Fatigue 
limit at 10
8 cycles. Fe content in E319 is 0.7%. 
Otherwise E319≡W319. 
AlSi9Cu3
9  216  134  1.0  75  High pressure diecast. 5 mm section thickness. 
Fatigue limit at 10
8 cycles. SDAS not reported. 
1[64, 72]; 
2[73]
3[71]; 
4[75]; 
5[74]; 
6[76]; 
7[64]; 
8[10]; 
9[70]. 
 
Although based on total fatigue life, fatigue design using the S-N approach is 
essentially design against crack initiation since most of the life of specimens is spent 
in crack incubation near the fatigue limit [61]. Furthermore, it has been shown that at 
or below the fatigue limit, fatigue cracks may form but their growth is inhibited [62, 
70]. These cracks may either arrest or grow at rates that are too slow for the sample to 
fail at fatigue cycles of commercial significance. 
2.3.3  Fatigue crack initiation 
The definition of the point at which a fatigue crack is considered to have initiated is a 
function of the size scale of observation and is somewhat subjective [60]. It is, for 
example, practical for a design engineer to relate available non-destructive crack 
detection resolution limit with crack initiation [60]. A materials scientist, on the other 
hand, is likely to consider fatigue crack initiation at much lower microscopic scales, 
such as formation of nascent cracks at persistent slip bands or at other microstructural 
inhomogeneities such as grain boundaries, second phase particles, inclusions, and at 
other microscopic stress concentrations such as voids [60]. In this case, the initial T.O. Mbuya    Chapter 2: Literature review 
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crack can be regarded as the smallest crack which can be measured by any means [77]. 
It is the materials scientist’s notion of crack initiation that is of specific interest to the 
current study.  
 
In pure metals as well as alloys, existing evidence shows that fatigue cracks originate 
from persistent slip bands (PSBs) which occur during cyclic loading due to differences 
in net slip on different glide planes [60, 78, 79]. The irreversibility of slip causes the 
formation of intrusions and extrusions where the PSBs emerge at the free surface. The 
intrusions may then act as micronotches with the resultant stress concentration at 
their roots promoting additional slip and crack initiation [60]. The formation of these 
intrusions and extrusions is, however, only possible at surface grains; slip activity at 
PSBs that form within interior grains is confined therein due to constraint of the 
surrounding matrix [60].  
 
Fatigue crack initiation from PSBs is also frequently observed in commercial alloys, 
either solely, or due to their interaction with geometric defects [11, 80]. For example, 
fatigue cracks that initiate from inclusions or 2
nd phases often seem to be associated 
with localised slip bands that impinge on the particles [81]. A good example of this can 
be found in Kung and Fine [80] where fatigue cracks were observed to initiate along 
slip bands emanating from inclusions in a 2024-T4 aluminium alloy. Fatigue cracking 
is also often seen to originate from other local stress concentrating features such as 
voids (pores), surface irregularities (e.g., scratches, hollows or notches) and various 
types of inclusions (e.g., oxides, 2
nd phase particles, intermetallics). The hierarchy in 
severity of these stress raising features is dependent on their type, size, shape and 
spatial distribution, which are mainly determined by the chemical composition of the 
alloy and processing route. Nevertheless, it is not just the severe defect type that 
determines failure of a given component; such a defect is most damaging when 
located at the most stressed region of that component. Fatigue strength is therefore 
limited not only by the severest defect, but rather by the highest joint probability of 
failure associated with the severe defect type and the high local applied cyclic stress 
within the component [82]. 
 
Several micromechanical models have been developed to predict fatigue crack 
initiation life or crack initiation thresholds (fatigue limit). Most of these models either 
consider crack initiation from PSBs [83] and/or from failed particles (cracked or 
debonded) due to localised dislocation pile-up [84-86], or are based on fracture 
mechanics concepts. In this case, the threshold stress intensity factor range (and by 
extension the fatigue limit) is related to the square root of the projected area �√𝑎𝑟𝑒𝑎� 
of the defect or particle on a plane normal to the maximum tensile stress [87]. T.O. Mbuya    Chapter 2: Literature review 
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Pioneered by Murakami and co-workers [88, 89], these models are essentially meant to 
determine the threshold stress above which a crack will initiate and grow from a defect 
or particle by invoking threshold fracture mechanics concepts. Implicit in this approach 
is the assumption that the defect or particle is equivalent to a crack.  
2.3.4  Fatigue crack growth 
2.3.4.1  Introduction 
The presence of pre-existing defects in components or structures means that the use 
of S-N curves derived from small laboratory samples may lead to overestimation of 
fatigue life [61]. It is this appreciation that led to the development of the defect 
tolerant design methodology in which fatigue failure is assumed to constitute 
subcritical crack growth from a pre-existing flaw. It is assumed that fatigue cracks 
initiate from such flaws early in the service life of the component and lifetime is 
assessed on the basis of the number of loading cycles necessary for the largest 
detected crack (or undetected crack based on the resolution limit of the non-
destructive technique used) to grow to failure or to some critical size [60, 61]. Failure 
in this case (or the critical crack size) may be based on the fracture toughness of the 
material, the limit load for the component, or the allowable strain [60]. The impetus for 
this approach was mainly due to the recognition by Paris and co-workers [90] that 
linear elastic fracture mechanics (LEFM) concepts can be employed to characterise 
subcritical crack growth. 
 
The prediction of crack propagation life commonly involves empirical laws in which 
crack growth is expressed in terms of some governing crack driving force that 
describes the local conditions of the crack tip but determined in terms of loading 
parameters, crack size and geometry. Under conditions of small scale yielding, the 
crack growth rates can be characterised by the stress intensity factor range (∆K) which 
is given by [60], 
 
∆𝐾 = 𝑌∆𝜎√𝜋𝑎 = 𝐾𝑚𝑎𝑥 − 𝐾𝑚𝑖𝑛 = 𝑌𝜎𝑚𝑎𝑥√𝜋𝑎 − 𝑌𝜎𝑚𝑖𝑛√𝜋𝑎      (2.2) 
 
Where, Δσ is the applied stress range, Y is a geometrical factor which depends on the 
crack and specimen geometry, a is the crack length and finally, K
max and K
min are the 
maximum and minimum stress intensity factors which correspond to the applied 
maximum stress (σ
max) and minimum stress (σ
min), respectively. Linear elastic solutions 
are available for various load geometries and specimen configurations or can be 
computed for unique cases using, for example, finite element methods. Equation (2.2) T.O. Mbuya    Chapter 2: Literature review 
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shows that for a constant applied stress range, ΔK is expected to increase with crack 
length.  
 
Typical fatigue crack growth rate behaviour of metallic materials is commonly 
represented as a plot of log(da/dN) vs. log(ΔK) to obtain a sigmoidal curve similar to 
the one illustrated in Figure 2.11. The figure also summarises the general nature and 
factors influencing the fatigue crack growth behaviour of metallic materials at the 
different stages indicated as regimes A to C. Regime A (also referred to as ‘regime I’ or 
‘near threshold’) represents the near threshold crack growth rates (typically below 10
-6 
mm/cycle [60]) that are experienced by most metallic materials at low ΔK values. In 
this regime, crack propagation rates drop rapidly with decrease in ΔK towards the 
threshold stress intensity factor range (ΔK
th) below which cracks appear dormant 
(typically at da/dN< 10
-8 mm/cycle [60]).  
 
McClintock [91] first postulated that fatigue cracks cease to propagate when the extent 
of the plastic zone becomes comparable to some characteristic microstructural 
dimension. Moreover, Donahue et al. [92] also associated the fatigue crack threshold 
to the point when the crack tip opening displacement (CTOD) is comparable to the 
microstructural characteristic dimension (MCD). Near threshold fatigue crack growth is 
therefore primarily non-continuum and can be significantly affected by microstructure. 
Crack growth is typically of stage I type, which is highly faceted or serrated due to its 
predominant crystallographic nature through a single shear mechanism along the 
primary slip system (e.g., {111} planes and <110> slip directions in Al alloys [8]). As 
such, grain size [93, 94] or other operating microstructure parameter such as SDAS or 
intermetallic particles [95] can play a fundamental role in determining near threshold 
crack growth mechanisms. For example, coarser grain sizes and larger SDAS are 
generally associated with higher near threshold crack growth resistance which is  
attributed to the increased crack deflection and associated crack closure effects [93, 
95, 96].  
 
Moreover, the type of precipitate structure in the microstructure can also 
fundamentally alter the slip characteristics of the alloy such that near-threshold fatigue 
crack growth characteristics can be quite different even for the same material and 
grain size. For example, the tortuous zigzag profile which results from single shear 
mechanisms in some underaged aluminium alloys (e.g. AA 7475) having shearable 
precipitate structures can change to a planar (i.e. straight or undeflected) crack profile 
which is reported to occur in their overaged microstructures with nonshearable 
precipitates due to duplex slip [93]. The highly tortuous crack profile in the underaged 
microstructures therefore results in substantially improved near threshold crack T.O. Mbuya    Chapter 2: Literature review 
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growth resistance which stems from the frequent crack deflections from the mode I 
direction [97] and the attendant closure effects associated with roughness [60, 93]. 
The influence of crack closure is more pronounced at near threshold due to the small 
CTODs. Moreover, the effects of crack size, load ratio, and environment are also mainly 
attributed to the influence of different types of crack closure mechanisms [94]. The 
crack closure phenomenon is discussed briefly in the next section. 
 
Regime B (also referred to as regime II or Paris regime ) fatigue crack growth 
corresponds to the mid-range ΔK values as shown in Figure 2.11 where growth rates 
typically span between ∼10
-6 to 10
-3 mm/cycle [98]. The log(da/dN) vs. log(ΔK) 
relationship in this regime is approximately linear and was demonstrated by Paris and 
Erdogan [99] to be governed by the following power law relation: 
 
𝑑𝑎
𝑑𝑁 = 𝐶(∆𝐾)𝑚                    (2.3) 
 
Where, C and m are empirical constants which depend on variables such as the 
material microstructure, environment, temperature, frequency and load ratio, R (where 
R = σ
min/σ
max or K
min/K
max). 
 
The Paris regime usually exhibits stage II type crack growth micromechanisms 
involving duplex slip which results in a typically planar (mode I) crack path normal to 
the tensile stress axis [60]. The fracture surfaces in this region are often characterised 
by ripples or striations whose spacing may be correlated to measured average growth 
rates [60]. Although the influence of microstructure is believed not to be as significant, 
certain combinations of microstructure, environment, mechanical load variables and 
crack closure can significantly alter the crack growth behaviour in this regime. 
 
The fatigue crack growth rates rapidly accelerate with ΔK in Regime C (or regime III) 
asK
max approaches the fracture toughness of the material (K
C in plane stress or K
IC in 
plane strain) [60]. This regime can be strongly sensitive to microstructure, load ratio 
and stress state [60, 98]. The increased microstructural effects are due to the 
interaction of fatigue and static failure modes which may involve cleavage fracture (e.g. 
of hard particles in Al-Si alloys or MMCs) and void coalescence within the enlarged 
plastic zone ahead of the crack tip. The fatigue crack tends to seek out these damaged 
regions resulting in the rapid increase in growth rates [100]. Higher load ratios imply 
that for the same criticalK
max (i.e. K
Q∼K
C or K
IC), fracture occurs at lower ΔK. Moreover, 
plane stress conditions lead to higher K
Q since the fracture toughness of the material is 
highly stress state dependent [60]. The high growth rates in this regime imply that 
potential environmental interactions become less significant. T.O. Mbuya    Chapter 2: Literature review 
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The application of fracture mechanics concepts to fatigue crack propagation life 
prediction by integration of equation (2.3) is based on the implicit assumption that the 
nominal value of ΔK uniquely and autonomously characterises the crack tip stress and 
strain fields and therefore the rate of crack advance [60]. However, studies of crack 
propagation in engineering materials show that there are several situations where the 
actual or effective ΔK at the crack tip differs significantly from the nominal applied 
value [94]. This is generally associated with crack tip shielding mechanisms which may 
result from closure related phenomena or by mere deviation of the crack tip from the 
mode I crack plane (for mode I tensile loading). Moreover, it has been shown that 
under the same nominal driving force, the growth rates of small cracks are typically 
greater than the corresponding growth rates for long cracks. In addition, small cracks 
usually experience significant scatter and can grow at ΔK levels below the nominal ΔK
th 
for long cracks [61]. This behaviour of small cracks is generally attributed to the 
significant influence of microstructure and the lack of a requisite crack wake for 
closure mechanisms to be activated [60, 61]. A brief overview of crack closure is 
therefore provided in the next section due to its significance in understanding the 
behaviour of long and short fatigue cracks. An introduction to the so called ‘small 
crack problem’ follows thereafter. 
2.3.4.2  Crack closure 
Elber [101] first proposed that premature contact between the crack faces can occur 
even during the tensile portion of the fatigue cycle because of a zone of residual 
plastic deformation which is left in the wake of the crack tip arising from prior plastic 
zones. Assuming that crack propagation occurs only when the crack is fully open, the 
consequence of such premature contact (coined as plasticity induced crack closure, 
PICC) is to reduce the actual (or effective) stress intensity factor range (ΔK
eff) at the 
crack tip so that, 
 
∆𝐾𝑒𝑓𝑓 = 𝐾𝑚𝑎𝑥 − 𝐾𝑜𝑝 = 𝑈∆𝐾              (2.4) 
 
Where, K
op is the stress intensity factor at which the crack opens fully and U=ΔK
eff/ΔK. 
The corresponding characterisation of fatigue crack growth rates can then be obtained 
by adjusting the Paris Erdogan equation (2.3) to, 
 
𝑑𝑎
𝑑𝑁 = 𝐶�∆𝐾𝑒𝑓𝑓�
𝑚
= 𝐶(𝑈∆𝐾)𝑚                (2.5) 
 
Since Elber’s work, other forms of crack closure have been identified which are of 
significant importance especially at near threshold crack growth. Plasticity induced T.O. Mbuya    Chapter 2: Literature review 
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crack closure has been shown to play a less significant role under the plane strain 
conditions which are typically obtained at near threshold stress intensities [102].  
 
In addition to PICC, the other major crack closure mechanisms which have been 
identified are oxide induced crack closure (OICC), roughness induced crack closure 
(RICC), viscosity induced crack closure and transformation induced crack closure [94]. 
A detailed discussion of crack closure and other crack retardation phenomena is 
provided by Suresh [60]. However, OICC and RICC are of particular significance to cast 
Al-Si alloys and are therefore explained further below. 
 
•  Oxide induced crack closure is characteristically associated with the formation 
of oxide layers within the crack faces in moist environments [94]. This oxide 
layer can be thickened at low R values by fretting, which involve the repeated 
breaking and reforming of the oxide layers due to repeated contact between 
the crack faces, enhanced by mode II displacement, microscopic fracture 
surface roughness and PICC. This process is therefore promoted by oxidising 
environments, small CTODs (e.g. at near threshold regime), low load ratios, 
rough fracture surfaces which promote mode II sliding and rubbing between 
crack faces, and low material strength where PICC & hence fretting is 
significant. 
 
•  Roughness induced crack closure is due to the roughness of the fracture 
surface when the CTODs become comparable to the size scale of the fracture 
surface asperities. The mechanism explains why materials with coarse 
microstructures such large grains or SDAS exhibit improved fatigue resistance 
at near threshold [60, 95, 96]. The predominantly single slip fatigue 
mechanisms in the near threshold regime results in faceted fracture surfaces 
with irregular surface morphology and local mixed mode growth. Moreover, 
this can also result in microstructures with coarse second phase particles such 
large Si or intermetallic particles in Al-Si alloys which may tend to deflect the 
crack. The irreversibility of plastic deformation can also cause a mismatch 
between the crack surface asperities [60]. RICC can be enhanced by the 
following [94]: a) small plastic zone sizes (i.e., less than the grain size) which 
induce single shear, b) small CTODs comparable to the asperity height, c) 
materials with coarse grains and microstructures with coherent precipitates that 
promote coarse planar slip, d) Microstructures that promote crack deflection 
mechanisms, e) inelastic crack tip deformation and oxidation of slip steps in 
moist environments (which promote mismatch between crack faces) and f) low 
R values such that the minimum CTODs are small.  T.O. Mbuya    Chapter 2: Literature review 
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2.3.4.3  Small fatigue crack growth 
Since the pioneering work by Pearson [103], the growth of small fatigue cracks has 
been widely observed not to behave as large fatigue cracks when characterised as a 
function of ∆K. As previously mentioned, they typically grow at faster rates and often at 
∆K levels well below the nominal threshold for long cracks (∆K
th) as illustrated in Figure 
2.12. Furthermore, they are sometimes observed to slow down or completely arrest 
before they again accelerate to eventual fracture depending on the applied stress, 
stress state (e.g., at notches) or microstructure [61, 104, 105]. Moreover, small cracks 
are also frequently observed to become non-propagating either due to microstructural 
barriers [104] and/or due to the influence of the notch stress field [60, 61, 105]. An 
overview of the various issues related to small cracks is presented in Table 2.4. Note 
that the table is necessarily brief and does not include all possible issues related to the 
phenomena of small cracks as this is not within the scope of this review. A brief 
description of the small crack problem is however deemed necessary in the context of 
defining the various categories of small cracks listed in Table 2.4.  
 
Small cracks have generally been defined as follows [61]: 
•  Cracks with a size comparable to the scale of the local MCD (microstructural 
characteristic dimension - e.g., grain size). These are often referred to as 
microstructurally small cracks and represent a continuum mechanics limitation 
which violates metallurgical similitude as pertains to the validity of ΔK as a suitable 
parameter to uniquely characterise fatigue crack growth independent of size. The 
growth of these cracks is significantly influenced by the local microstructure such 
as the size of grains and their orientation [104, 106, 107], SDAS [108] and second 
phase particles [87, 108, 109]. As a result, cracks can grow very quickly through 
favourably oriented grains and retard or even arrest at grain boundaries or some 
other microstructural barrier such as Si or intermetallic particles as observed in Al-
Si alloys [87, 109]. This may, for example, be attributed to the pinning of slip 
bands emanating from the crack tip at grain boundaries or second phases 
particles. Furthermore, the crack may also experience a mixed mode growth 
character as it tends to deflect around hard phases via the weaker interfaces which 
may reduce its growth rate [87]. Moreover crack deflection can also be caused by 
the crystallographic reorientation of the crack tip as it crosses the grain boundary 
into the adjacent grain [60]. The faster growth rates of these cracks are often 
attributed to the higher local crack tip microplasticity and CTODs which depend on 
the MCD (typically, the grain size) [110, 111]. On the other hand, the crack tip of a 
long crack encounters a larger proportion of the microstructure such that the 
overall growth mechanism is an average of the microstructural effects through the 
crack front. T.O. Mbuya    Chapter 2: Literature review 
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•  Cracks of size comparable to the scale of the local crack tip plasticity or when the 
crack is engulfed by the plastic strain field of a notch. These are mechanically small 
cracks and represent a LEFM limitation because the assumption of small scale 
yielding is violated. The former type of cracks have been shown to exhibit CTODs 
which exceed those of long cracks at equivalent ΔK and therefore partly explaining 
their faster growth [110]. Moreover, since the local crack tip plasticity and CTOD is 
expected to increase at higher stress levels, higher stresses are expected to result 
in higher initial growth rates as typically observed [11, 104]. It is generally 
observed that higher stresses lead to higher growth rates which are nearly constant 
before merging with long crack growth behaviour at higher ΔK values. At lower 
applied stresses, the growth rates may decrease with ΔK and then accelerate prior 
to merging with long crack data or arrest and become non-propagating if the 
applied stress is sufficiently low. This behaviour is in line with the expected 
variation of crack tip plasticity and CTOD with stress. However, merging with long 
crack behaviour is not necessarily guaranteed because violation of small scale 
yielding may persist in certain cases even as the crack grows to higher ΔK [112]. 
The deceleration is mainly attributed to the development of crack closure which 
increases rapidly with crack size [113]. The latter type of cracks emanating from 
notches typically decelerate progressively until they either arrest or begin to 
accelerate again, although this may also depend on the applied stress [105]. 
Although this behaviour may be related to the notch tip plasticity which may be 
superimposed on possible microstructural effects, the deceleration is also 
attributable to the effect of crack closure and the fact that it varies with crack size 
[61]. 
 
•  Cracks that are larger than the local plasticity and the local microstructure, but are 
simply small (i.e., ≤ 0.5 to 2 mm [60]). These are physically small cracks and their 
behaviour is mainly associated with the decreased level of crack tip shielding or 
closure which is responsible for their faster growth rates compared to long cracks.  
 
•  Cracks that fulfil LEFM assumptions but which exhibit anomalies in propagation 
rates below a certain crack size because of environmental conditions. This is 
normally attributed to chemical and electrochemical effects which can increase the 
growth rates of cracks depending on their size [61]. The critical size generally 
depends on the frequency and the reaction kinetics at the crack tip [114]. T.O. Mbuya    Chapter 2: Literature review 
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Table2.4 Summary of issues related to small crack growth 
Classification  Responsible mechanism  Effect  Modelling approaches 
Microstructurally 
small cracks.  
 
Typically, 
a≤ 5-10 CMD [112, 
114] 
 
Crack retardation due interaction 
with microstructure barriers. 
(pronounced at a≤ CMD [114]) 
Crack retardation & possible arrest depending on the effectiveness 
of the barrier [60, 61]. (e.g., determined by the relative 
crystallographic orientation of the adjacent grains) 
Microstructural crack growth 
models accounting for local 
plasticity transients & 
microstructure barrier 
interactions [115, 116].  
 
Crack behaviour is stochastic 
& thus may require a 
probabilistic approach [114]. 
Enhanced microplasticity and CTOD 
[110, 111]. (pronounced at a≤ CMD 
[114]) 
Higher growth rates due to increased local crack tip driving force 
[110, 111]. 
Deflected cracks due to interaction 
with microstructure. (pronounced at 
2c≤ 5-10 CMD [114]) 
Possible retardation due reduction in driving force. The magnitude 
depends on the extend of deflection [97].  
Transient 3D crack shape evolution & 
changes in local stress state [117]. 
(pronounced at 2c≤ 5-10 CMD [114]) 
Difficult to account for crack shape changes in computing the crack 
tip driving force which may vary along the crack tip profile [117, 
118]. 
Changes in stress state (plane stress to plane strain) as crack 
penetrates into the interior. Increased constraint would increase 
yield strength & thus reduce plastic zone and COD [117]. 
Mechanically small 
cracks. 
Typically, 
a≤ 4-20 r
p OR 
a≤ notch tip plastic 
zone [112]. 
Stress dependent crack tip plasticity 
and/or local notch-tip plastic zone.  
Crack size dependent closure 
transients. [112, 113] 
Accelerated growth rates due to higher local crack tip plasticity 
[112]. Deceleration & possible arrest may be experienced at low 
stresses. Violation of small scale yielding & therefore use of ΔK is 
invalid. 
Cracks emanating from notches may decelerate and even arrest 
(depending on applied stress) due to development of closure as the 
crack size increases [105]. 
Use elastic-plastic driving 
force parameters such as ΔJ, 
CTOD or by accounting for 
crack tip plasticity [11, 112, 
119]. In addition, account 
for closure transients [105, 
113, 120]. 
Physically small 
cracks. Typically, 
 a≤ 0.5 to 2 mm 
[60]. 
Limited crack closure effects due to 
the reduced crack tip wake [113, 
118]. 
Higher initial growth rates due to higher effective ΔK at the crack 
tip.  
Deceleration of crack growth due to development of closure as the 
crack size increases [113]. 
Account for closure by using 
the effective ΔK [113]. 
Chemically small: 
Up to ∼ 10 mm 
[114].  
Local crack tip chemical environment  Crack size dependent environmentally-assisted cracking such as 
hydrogen embrittlement and film rupture/dissolution. Crack size 
effects may for  example be attributed to the rate of mass transport 
of the embrittling species to the crack tip and the reactionkinetics 
[60, 114]. 
Use of empirical models that 
account for the effect of 
environment (e.g., [121]). T.O. Mbuya    Chapter 2: Literature review 
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2.4  Fatigue failure micromechanisms in cast Al-Si 
alloys 
2.4.1  Fatigue Crack Initiation 
2.4.1.1  Introduction 
In cast Al-Si alloys which are the focus of this study, fatigue cracking involves 
competitive and often synergistic micromechanisms operating at different length 
scales as influenced by various structural features including defects and second phase 
particles. Although these mechanisms may not necessarily operate individually, it is 
nonetheless reported that cracks originate from the following: 
 
1.  Processing defects such as porosity [122-124], oxides (or oxide films) [124-
126], surface hollows (e.g. on the rough surfaces of castings) [127-129], 
corrosion pits [74] and scratches (machining marks) [55]. However, initiation at 
these features is expected to be preceded by intense localized slip banding 
[130]. Local cyclic plastic strains are expected to be even higher at 
microstructural features such as Si particles, grain boundaries or intermetallic 
particles which may be located around or near the tips of these defects [131, 
132].  
 
2.  Individual or clusters of microstructural features such as eutectic Si particles 
[87, 108, 125, 133, 134], primary Si particles [56, 134, 135] and various types 
of intermetallic compounds such as β-Al
5FeSi [109, 134, 136], α-Al
15(FeMn)
3Si
2 
[11], Al
9FeNi, [56] and Al
3(NiCu)
2 [56, 135]. Initiation at these particles can occur 
either via interface debonding or particle fracture depending on the type of 
particle, its size, shape and orientation. This may also depend on the loading 
conditions and the strength of the Al matrix-particle interface (including the 
possible presence of precipitate free zones near the interface) [130, 136-139]. 
 
3.  Persistent slip bands [10, 11, 122, 140, 141]. Notwithstanding, (1) above, 
cracks have also been observed to initiate from persistent slip bands 
independent of any association with defects or particles (see for example [11]). 
 
Before discussing each of these fatigue crack initiators in detail, it is perhaps prudent 
to introduce the common defect or particle geometrical attributes that influence their 
crack initiation potency. T.O. Mbuya    Chapter 2: Literature review 
 
29 
 
(1)  Defect or particle size. This is perhaps the most significant parameter since 
it has a direct influence on the local stress intensification during cyclic 
loading. Larger defects or second phase particles are known to induce 
higher local stresses and strains [130, 138, 142] and are therefore more 
potent as crack initiators.  
 
(2)  Free surface effects. The intensification of local stresses and strains at 
defects or microstructure features is highest when they are located at or 
nearest the free surface due to reduced constraint [130]. It is therefore 
expected that the combined effect of size and location relative to the free 
surface will determine the severity of potential crack initiators. Larger near 
surface defects or microstructure features will therefore be more prone to 
fail and therefore reduce the fatigue incubation period [130]. 
 
(3)  Defect or particle shape and orientation. It is expected that defects or other 
microstructure features with complex shapes containing arcs with sharp 
root radii would be the preferred sites for crack initiation as opposed to 
those with a more spherical shape. Stress and strain intensification is 
expected to be highest at the pore or particle tips but only if these are 
favourably oriented with respect to the loading direction [130]. The local 
curvature of the pores or particles and their orientation relative to the 
loading axis therefore contributes to the ease with which crack initiation 
will occur [130, 143].  
 
(4)  Clustering and spatial distribution. Closely spaced multiple pores or 
particles are expected to increase the local intensification of stresses and 
strains around the pores or particles due to the interaction of their 
respective slip bands [130]. The effect of such pore or particle clustering 
will depend on their number density, the spacing between each other and 
their spatial arrangement with respect to the loading axis. Moreover, the Al 
matrix in between the particles in a cluster is likely to be significantly 
shielded from plastic deformation and therefore highly constrained [144]. 
Higher microscopic stresses are therefore expected within particle clusters 
due to overall load shedding effects from particle poor to particle rich 
regions [145]. 
Overall bulk distribution and specimen size effects. This is somewhat out of place in 
the context of geometrical attributes influencing crack initiation from a given defect or 
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nature of defects and particles in the microstructure. The effects of bulk distribution 
parameters such as total volume fraction, number density, average size and standard 
deviation of defects or particles are therefore implicit and merely affect the probability 
of occurrence of any or a combination of the previous four factors. For example, the 
probability of finding a large pore near the surface is likely to increase with number 
density, mean defect size and standard deviation [146, 147]. The number density is 
also expected to affect the probabilities of defect or particle interactions in clusters, 
multiple crack initiation and coalescence [147]. Moreover, for the same number density 
distribution, a larger specimen would be expected to have more defects or particles 
and therefore a higher probability of the presence of a potent crack initiator at the 
most stressed region [147]. The effect of specimen volume should therefore be 
considered when applying laboratory specimen fatigue data to large components. The 
effect of porosity, for example, is known to be less in notched specimens and is 
normally attributed to the reduced volume of the highly stressed region at the notch 
root and therefore a reduced chance of finding a large surface pore at this region 
[148]. This is the basis for the use of extreme value statistics in the prediction of the 
lower bound fatigue strength [149]. Nonetheless, ‘size effect’ is not a new concept; it 
was first documented ∼500 yrs. ago by Leonardo Da Vinci [150]. 
2.4.1.2  Effect of casting porosity 
For castings containing porosity, fatigue cracks preferentially originate from large 
pores located at or near the surface [87, 124, 125, 131, 151]. Figure 2.13 shows 
examples of fatigue cracks initiated from porosity in A356 aluminium specimens [131, 
152]. Typical pore sizes in aluminium castings can range from about ∼10 to 1000 µm 
[153] although pores with maximum dimensions as high as 1600 µm have been 
observed on fracture surfaces of A356 specimens as the origin of fatigue failure [154]. 
The early crack formation at such pores leads to a significant reduction of crack 
initiation life whose magnitude depends on the loading condition and the severity of 
the pore [9, 123]. Initiation life for cracks emanating from pores is often assumed to 
be insignificant in several damage tolerant fatigue life modelling approaches [11, 151, 
153, 155]. In this case, fatigue life is assumed to be equivalent to the propagation life 
for a crack with an initial size equivalent to the pore size. It is important to note that a 
pore is not a crack at first, but once a small crack is initiated at either of its edges, 
then the effective crack size will include that of the pore. If initiation life is considered 
to be negligible, then the total fatigue life for larger fatigue controlling pores is 
expected to be lower since they will lead to larger initial crack sizes and thus higher 
initial crack driving forces. However, a blanket assumption of negligible initiation life 
can lead to erroneous life predictions especially at low applied stresses (i.e., high cycle T.O. Mbuya    Chapter 2: Literature review 
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fatigue) where a significant incubation period is expected [153]. Nevertheless, fatigue 
lives have generally been shown to vary inversely with the initiating pore size [123]. 
Figure 2.14 is a typical example showing the distribution of total fatigue life with crack 
initiating pore size.  
 
Surface discontinuities have also been shown to initiate fatigue cracks in much the 
same way as surface porosity as shown, for example, in Figure 2.15 [126]. Initiation at 
discontinuities, such as surface hollows, has mostly been observed in specimens that 
are tested in the as-cast condition without prior polishing [126-129]. These are 
introduced during the casting process and their severity depends on the type of 
casting process, the surface integrity of the mould as well as feeding efficiency. 
 
Extensive experimental evidence suggests that the most severe defects are the largest 
of those located at or near the surface of the specimen (or casting) [128, 146, 155-
157]. For example, Wang and Jones [157] have shown that fatigue crack initiating 
pores in 319 type aluminium castings come from the upper tail of the overall pore 
population. Furthermore, it is frequently reported that fatigue crack initiating pores are 
much larger than those obtained from 2D metallographic measurements [158]. Fatigue 
crack initiating pores measured from fracture surfaces can be as much as 10 times 
larger than the largest pores observed on metallographic surfaces [157]. One reason 
for this is the inadequate representation of porosity in 2D micrographs. A large 
irregularly shaped shrinkage pore with several arms spreading out in a 3D dimensional 
form will most certainly appear (erroneously) as a cluster of smaller pores on a 2D 
micrograph. These observations cast doubt on the continued use of 2D metallographic 
porosity measurements as inputs in life prediction models. However, with the 
availability of high resolution 3D pore measurement tools such as x-ray 
microtomography [131], 3D pore distribution data can now be easily obtained. 
 
Seniw et al. [156] observed that the fatigue life of an A356 alloy decreased with 
increasing pore (or inclusion) size when they were located at comparable distances 
from the free surface. However, for pores (or inclusions) of comparable size, the 
fatigue life increased with their distance from the free surface. Large pores (or 
inclusions) remote from the free surface had less detrimental effect on fatigue life 
compared to small pores (or inclusions) located near the free surface. Similar 
observations were made by Nadot et al. [159] who reported that the fatigue life of two 
nodular cast iron specimens was the same and yet in one specimen, the fatigue crack 
was initiated from an internal defect that was 10 times the size of the surface defect 
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[142, 160-163]. It is therefore evident that, for the same size, pores located nearer the 
surface of castings have a higher probability of initiating fatigue cracks as opposed to 
those remote from the surface. 
 
Using finite element analysis, Gao et al. [142] have demonstrated that the maximum 
stress and strain concentrations around large pores are higher than for small pores. 
For example, it was shown that the local strain concentration factor for an idealised 
spherical pore with a diameter 1000 µm was ∼3 times that at a small pore of 100 µm 
when both pores are located at 10 µm from the free surface. The authors further 
showed that surface porosity experienced higher stresses than internal pores. Similar 
FEA results have been reported by Fan et al. [130]. Moreover, it has been shown 
experimentally [164] that local surface strains can exceed the average strain of the 
specimens by orders of magnitude. 
 
Fan et al. [130] have carried out FEA calculations of the largest principal stress and 
effective plastic strain near a realistic pore of A356-T6 Al alloy which has some arcs 
with small radii of curvature over its perimeter. The maximum effective plastic strain 
and principal stress were observed to coincide with the arcs near the pore’s major axis 
which was perpendicular to the loading direction. They further observed that the stress 
and strain concentration increased rapidly as the radius of curvature decreased. This 
indicates that the local curvature of the pore has an influence on fatigue crack 
incubation. Moreover, FEA results by Li et al. [143] show that elliptic-like pores 
oriented such that their major axis is perpendicular to the loading direction experience 
higher maximum local strains than when oriented in parallel to the loading axis. Note 
that changing the orientation of the major axis of an elliptic pore from parallel to 
perpendicular relative to the loading axis increases its projected area along the 
direction of loading.  
 
The square root of the area ( ) of fatigue crack initiating pores measured on fracture 
surfaces and projected along the loading direction has successfully been used as a 
measure of defect size in fatigue life prediction models [89, 124, 165]. It can therefore 
be inferred that the effect of pore shape and orientation may be partly attributed to 
their subsequent effect on the effective pore size (i.e.  ) and the local curvature radii. 
Shape and orientation effects are therefore likely to be insignificant if there is no 
change in the effective size of the pores and their local curvature radii. This explains 
the FEA results by Gao et al. [142] in which a pore with a complicated shape was shown 
to have a maximum stress concentration factor that was only about 3 % higher than 
another with a simpler shape (See Figure 2.16). Closer inspection of both pores (Figure 
A
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2.16) indicate that their projected sizes and local curvature radii were approximately 
equivalent. Moreover, Buffiere et al. [131] reported only a 10% difference in the stress 
intensity factor for a pore with a complex shape compared to a simple equivalent 
ellipse exhibiting the same projected lateral size and the same local radius of 
curvature. These authors [131] further observed that in most cases, cracking occurred 
via decohesion of Si particles located very close to one convex part of a pore lying 
nearly perpendicular to the applied stress. 
 
It has also been observed experimentally [155, 166] that multiple smaller pores, 
located closer than ∼700 µm on the same plane, can initiate fatigue failure just as 
frequently as a single larger pore. These authors observed that cracks initiate from 
each of the pores and grow in a manner that allows them to coalesce into one 
dominant crack that causes fatigue failure. Crack initiation is therefore expected to be 
much easier in cases of multiple pores that are closely spaced. This is because the 
local plastic strains are likely to be much higher due to the expected overlapping of 
slip bands from the individual pores in the cluster. The treatment of multiple closely 
spaced pores in life prediction modelling provides a significant challenge because of 
the stochastic nature of multiple crack initiation and subsequent crack coalescence 
events. 
2.4.1.3  Reduction of porosity and effect of other defects 
Porosity reduction 
Fatigue critical defects in aluminium castings strongly depend on the type of casting 
process and molten metal treatment and handling techniques. Molten metal should 
ideally be devoid of non-metallic inclusions such as oxides and dross and also contain 
low levels of hydrogen which is a major source of porosity in aluminium castings [167]. 
Furthermore, melt quiescence during transference and mould filling is necessary to 
avoid excessive oxide film generation and entrainment of fresh gases [168]. Melt 
treatment aside, the design of the mould itself should ideally ensure quiescent filling 
and efficient feeding of solidification shrinkage. However, this depends on the casting 
process. For example, in high pressure die casting, the molten metal is injected into 
the mould at high velocities (typically 40-60 ms
-1 to a high of 200 ms
-1) and is therefore 
highly turbulent [169]. This results in substantial levels of microporosity which is 
normally trapped within the casting under high pressure (∼40-120 MPa) during 
solidification. Other defects such as cold fills and alumina skins are also typical to this 
casting process and have also been found to initiate fatigue cracks [170]. Sand casting 
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defect types such as oxides but these can be controlled to a certain extent by 
ingenious mould design and quiescent filling techniques. 
 
On the other hand, processes such squeeze casting and semisolid casting can produce 
castings with significantly reduced levels of porosity. It is instructive to note that 
Shiozawa et al. [87] did not observe pore-initiated fatigue cracks in a squeeze cast 
AC8A alloy which is a typical Japanese eutectic Al-12Si-1.1Cu-1.3Ni-1.1Mg piston alloy. 
Although they observed that fatigue cracks initiated from pores in a squeeze-cast 
AC4CH alloy (an A356 type alloy), they did refer to previous work in which pores were 
observed to be below 20 µm in a squeeze-cast AC4CH alloy. Moreover, Plumtree and 
Schafer [108] did not observe fatigue crack initiation from pores in a similar A356 type 
squeeze cast alloy. However, special handling techniques are still required to eliminate 
melt turbulence during squeeze casting and therefore oxide defect problems are likely 
to persist [123, 171]. It is believed that semisolid casting has the potential to minimise 
both oxides and porosity, although this may not be achievable for complex castings 
[123]. As such, crack initiating pores and oxides have still been observed albeit of 
smaller size compared to gravity diecastings [171]. 
 
Porosity can also be eliminated or significantly reduced by subjecting castings to hot 
isostatic pressing (Hipping) to a point that it is rendered impotent as a fatigue crack 
initiating site [140]. It is unfortunately not effective for surface connected porosity 
[172] and it does not seem to affect oxide films such that the improvement in fatigue 
life is still limited since fatigue cracking shifts to oxide films [173-175]. Nevertheless, 
hipped castings have been shown to have higher fatigue life by about an order of 
magnitude [158, 172, 174, 176-178]. This improvement has been shown in some 
cases to be accompanied by increased scatter in fatigue life which can attributed to the 
influence of oxide films [179]. For example, Wakefield and Sharp [179] reported 
improvement in the average fatigue life of an Al-10Mg cast alloy after hipping but 
noted an increase in scatter. They associated this observation with the presence of 
oxide films which were not healed by hipping. With reduced porosity, it became 
possible to obtain high fatigue life in samples without oxide films while at the same 
time recording low values when oxides of different sizes initiated fatigue cracks. About 
half of the hipped specimens had fatigue lives that were within the same range as the 
non-hipped specimens. The influence of oxide films has also been reported by Mashl 
and Diem [174] who observed a subtle increase in fatigue life after hipping but with 
increased scatter. Fatigue cracks initiated mostly from oxide films. In the absence of 
oxide films, hipping gave an order of magnitude improvement in fatigue life. The worst 
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with the highest fatigue life. It should be noted here that some reports suggest that 
hipping does partially heal oxide films through a process of fracturing and partial 
bonding [177, 180]. However this does not seem to prevent them from initiating 
fatigue cracks. 
 
Applying pressure during solidification using methods such as riser pressurisation has 
also been shown to reduce the level of porosity in castings [181]. This has been shown 
to improve the fatigue life of lost foam castings as reported by Wang et al. [182] 
although in a subtle way because of the presence of oxide films which dominated 
fatigue crack initiation in their castings. 
The critical pore size 
It is certainly evident from the foregoing that although the reduction of porosity is 
beneficial to fatigue, there is a limit to this improvement. Couper et al. [151] first 
proposed that there is a critical pore size below which fatigue life is no longer 
controlled by porosity, but by other competing microstructural features (e.g., oxides, Si 
particles, intermetallic particles and PSBs). An accurate prediction of the critical pore 
size is therefore important in fatigue design since reduction of porosity below this 
would be pointless, especially since it is at additional cost. This is however a 
challenging task since the critical pore size depends on the type of alloy, the size scale 
of the local microstructure and loading conditions which determine the competing 
local fatigue damage mechanisms. 
 
It has been shown via FEA that the critical pore size increases with the applied stress 
amplitude. For completely reversed applied stress amplitudes of 110, 135 and 165 
MPa in an A356 alloy, Fan and Hao [183] estimated the respective critical pore sizes to 
be ∼30, 100 and 190 µm (measured as the length of the major axis, D
max, of an 
idealized elliptic pore with D
max=2D
min). The case for the applied stress amplitude of 110 
MPa was apparently confirmed by experiment. Experimental observations by Wang et 
al. [124] indicate critical pore sizes of ∼25 µm (SDAS=∼20-25 µm) to ∼50 µm 
(SDAS=∼70-75 µm) for the same alloy with stress amplitudes of 70-100 MPa and stress 
ratios of 0.1-0.2. However Wang et al. [124] adopted the   parameter as a measure of 
pore size. Measured using the same parameter ( ) for comparison purposes, Fan and 
Hao’s critical pore sizes would be ∼19, 63 and 107 µm for the respective applied stress 
amplitudes of 110, 135 and 165 MPa. For the same alloy, Zhang et al. [152, 154] 
suggest that the maximum length of the critical pore is ∼75-100 µm under maximum 
stresses of 175 MPa at R = 0.1 and 85 MPa at R = -1. A closer examination of the crack 
initiating defect areas presented in one of their sister publications [125] indicates that 
A
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the critical pore size could be ∼70 µm if represented in terms  . It is worth noting 
that fatigue cracking at oxide films as large as ∼200 µm or more were also frequently 
observed on fracture surfaces and extensive oxide films (with a maximum dimension 
as large as ∼650 µm) could be seen in one of their published micrographs. The 
presence of such large oxide films is expected to influence the critical pore size such 
that larger pores which would have otherwise initiated cracks are overshadowed by 
oxides. On the other extreme however, crack initiation at micropores on the order of 3 
to 12 µm have been observed in a squeeze cast 6082 aluminium alloy despite the 
presence of Si particles as large as 15 µm [129]. These studies basically show that the 
characterisation of the critical pore size is a non-trivial exercise despite its potential 
significance in terms of tailoring microstructure for fatigue design. 
Comparison of effects of pores and oxide films 
It seems that there is a certain level of competition between porosity and oxide films in 
terms of fatigue crack initiation. Wang et al. [124] investigated the fatigue behaviour of 
hipped and unhipped Sr-modified A356-T6 alloy and demonstrated that pores were 
more detrimental to fatigue life than oxides which were in turn more detrimental than 
eutectic Si particles and slip bands as shown in Figure 2.17. Compared with specimens 
that failed from porosity, the fatigue life of specimens in which cracks initiated from 
oxide films was ∼4 to 5 times longer. However, oxide films as crack initiators showed 
little improvement in fatigue life scatter. On the other hand, specimens which failed 
from slip bands showed the best fatigue life and reduced scatter. The fact that porosity 
is more detrimental to the fatigue performance of aluminium castings compared to 
oxides of comparable size has been confirmed by other reports [123, 171, 178]. More 
eutectic silicon and intermetallic particles have been reported to be around pores as 
opposed to oxides and may explain why pores may be more detrimental [124]. Finite 
element analysis has shown that the presence of these particles increase the local 
stress at the concave root of pores and therefore facilitate the initiation process by 
debonding [132]. This has been confirmed by Buffiere et al. [131] who observed that 
initiation at pores originated from silicon particles around the pores as shown in Figure 
2.13b. Furthermore, using a gallium penetration technique combined with EBSD, 
Buffiere et al. [131] also observed that most large pores were intergranular and that 
the number of grain boundaries interacting with the pores increased with their size. 
These grain boundaries were shown to favour crack initiation. 
2.4.1.4  Effect of Si particles, intermetallic phases and slip bands 
In Al-Si castings with low defect levels, Si and intermetallic particles and slip bands 
assume a more central role in determining fatigue life. Silicon and intermetallic 
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particles are stiffer than the Al matrix. As such, load transfer from the matrix to the 
particles is necessary to satisfy deformation compatibility during loading. This can lead 
to particle cracking. Moreover high stress concentration induced close to these 
particles can cause interface debonding to occur. 
 
Initiation of fatal fatigue cracks from eutectic Si particles is frequently observed in 
castings with low porosity levels [87, 108, 125, 133]. For example, Zhang and co-
workers [125] observed that fatigue cracks initiated at surface or near surface eutectic 
constituents in A356-T6 alloy specimens mainly via Si particle debonding. Fatigue 
cracking at eutectic Si particles via interface failure has also been observed by Yi and 
co-workers [109, 133] and Han et al. [107] for the same A356 alloy. In most of these 
cases, the alloys were either hipped or had very low SDAS with reduced porosity levels. 
However, Plumtree and Schafer [108] investigated a squeeze cast A356-T6 alloy in 
which they observed crack initiation at Si particles located at the interdendritic triple 
points. The Si particles failed via a debonding mechanism at low applied strains and by 
both fracturing and debonding at high strains. This suggests that the Al/Si interface is 
the weakest link for this particular case which may be attributed to the fact that the Si 
particles were spheroidised and therefore more resistant to fracture [41]. Moreover, 
Shiozawa et al. [87] investigated two alloys (AC4CH & AC8A) which were squeeze cast 
but not hipped. The hypoeutectic AC4C alloy (Al-7.4Si-0.34Mg) had higher porosity 
levels but smaller spheroidised eutectic Si particles while the eutectic AC8A alloy (Al-
12Si-1.1Cu-1.1Mg) had coarse Si particles with very low porosity. Fatigue cracks 
initiated from porosity in the AC4C alloy and from debonded Si particles in the eutectic 
alloy. Using a modified form of Murakami’s model [89] for initiation life, they 
demonstrated that the AC4C alloy would be more resistant to fatigue crack initiation 
than the AC8A alloy because of the finer Si particles if porosity were absent. A 
modified microstructure with fine and spheroidised Si particles is therefore likely to 
resist fatigue crack initiation more than an unmodified structure with coarse acicular 
Si. The resistance of smaller Si particles to failure compared to larger ones has long 
been recognised [184, 185] and will be discussed later. 
 
Stolarz and co-workers [134, 186] have also observed early crack initiation at Si 
particles in binary Al-11.4Si, Al-12.6Si and Al-16.4Si alloys through both interface 
debonding and particle cracking. Moreover, iron-rich β-Al
5FeSi particles were also seen 
to nucleate fatigue cracks especially in the near eutectic alloys [186]. Fatigue crack 
initiation at the β-Al
5FeSi Fe-bearing phase has also been reported by Yi et al. [109] in 
an A356 alloy while Bischofberger et al. [136] observed initiation at β-Al
5FeSi particles 
in an Al-12.4%Si-1.2%Cu-1.1%Mg-1.0%Ni 0.3-1.5%Fe piston alloy but only at iron levels T.O. Mbuya    Chapter 2: Literature review 
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of 1.1 and 1.5 wt.%. Other competing mechanisms of crack initiation (e.g. from oxides 
or slip bands) prevailed at lower Fe levels (0.3 and 0.7 wt.%). Bischosberger et al. [136] 
further noted the presence of a precipitate free zone (PFZ) around β-Al
5FeSi particles at 
which cracks seemed to first occur before the particles finally cracked. Caton et al. [11] 
have on the other hand reported fatigue crack initiation at large Al
15(Fe,Mn)
3Si
2 particles 
as well as slip bands in a 319 type alloy as shown in Figure 2.18. 
 
Initiation from slip bands in the 319 type alloy has also been observed by Jang et al. 
[122] and Zhu et al. [10] but only at high temperature. At room temperature, initiation 
in both studies was from porosity. It is not clear why slip band crack initiation was 
activated at high temperature. However, one hypothesis could be due to the fact that 
crack initiation at porosity occurs due to accumulation of plastic strains (i.e., enhanced 
dislocation activity) around them. Depending on the applied stress and the strain 
hardening ability of the material, it is possible that dislocation activity around pores 
and at surface grains (with or without pores) may be equivalent at high temperature. 
 
Joyce et al. [135] studied two near eutectic Al-Si piston alloys (AE160 and AE413) with a 
higher level of Cu and Ni compared to the more popular 356 and 319 type alloys. In 
AE160 (3.1 wt.%Cu and 2.27 wt.%Ni), at room temperature, initiation occurred mostly 
at cracked primary Si particles although initiation at clusters of Al
3(Cu,Ni)
2 particles was 
also observed. In the AE413 (0.94%Cu and 0.96%Ni) alloy, initiation was observed to 
occur exclusively at fractured Si particles. No fatigue cracks were observed from 
porosity or oxide films even though pores as large as ∼100 µm were observed in 
AE413. It was noted that particles that initiated cracks were larger than the average 
particle size in the population. 
 
The preferential failure of larger particles has been reported by several other 
researchers [38, 187]. For example, Nishido et al. [187] have shown that large primary 
Si particles require less stress to fracture than small eutectic Si whereas Verdu et al. 
[38] report that larger and elongated particles tend to crack more easily. The 
observation by Verdu et al. is frequently reported in the literature related to particle 
failure in aluminium castings [41, 188] and in particle-reinforced materials [189]. 
These observations are generally believed to be partly associated with the higher 
probability of larger particles having pre-existing flaws compared with smaller particles 
[135, 139]. Moreover, large particles are more likely to have irregular shapes with 
sharp corners which result in a higher local stress concentration [139, 190]. However, 
this may also be associated with the presence of a softer precipitate free zone often T.O. Mbuya    Chapter 2: Literature review 
 
39 
 
observed [136] around particles which may shield smaller particles more effectively 
than large particles against load transfer from the matrix [137]. 
 
Recently, Moffat and co-workers [55, 56] investigated initiation micromechanisms in 
the piston alloys under investigation in this study (see Table 1.1 in Chapter 1). In the 
piston alloys, porosity was seen to initiate fatigue cracks but was less prevalent in 
Al12.5Si alloy compared to the mid and low Si alloys. For example, in Al12.5Si alloy, a 
50 µm long pore together with Al
9FeNi and Si particles were observed at a typical 
initiation site. Fatigue cracking at primary Si and Al
9FeNi particles was frequently 
observed in this alloy. On the other hand, a porous region of ∼200 µm (maximum 
length) and an Al
3(NiCu)
2 particle were observed at an initiation site in the unmodified 
Al7Si alloy. Moreover, coarse eutectic Si particles were also observed to initiate fatigue 
cracks in this alloy. In the Sr-modified Al7Si alloy, several large Al
9FeNi and Al
3(NiCu)
2 
phases initiated cracks. Large porous regions associated with Al
3Ni phases were also 
seen at other initiation sites. Porosity was identified as the dominant fatigue crack 
initiation site in the low Si alloy (Al0.7Si) although Al
9FeNi and Al
3(NiCu)
2 phases could 
also be seen intertwined with porosity. No oxide films were observed to initiate cracks 
in these alloys. Although Si particles were observed at some initiation sites, 
intermetallic phases, particularly the Al
9FeNi particles, were seen to play a more 
dominant role in these alloys. The hardness of the Al
9FeNi phase is lower than that of 
Si particles although the stiffness is comparable [3, 56]. This was suggested to be the 
reason for preferential fatigue initiation at the phase [55]. However, it was difficult to 
isolate its influence or that of other phases because of the presence of porosity. 
2.4.2  Small fatigue crack growth 
As with other metallic materials such as various types of steels and wrought aluminium 
alloys [61], small fatigue crack growth in cast Al-Si alloys is significantly sensitive to 
the local microstructure. They have been observed to retard and even arrest at 
microstructural barriers such as grain boundaries [106, 107, 131, 191, 192], eutectic 
Si and primary Si particles [87, 135], intermetallic particles such as Al
3(Ni,Cu)
2 [193] or 
β-Al
5FeSi [109]) and at interdendritic triple points [108]. Furthermore, they have also 
been observed to grow at faster rates than long cracks at equivalent nominal ΔK values 
[11, 135] and even at below the nominal long crack threshold. Caton and co-workers 
[11] have indeed observed cases where small sized specimens (∼3x5 mm
2 in cross-
section) fail while the dominant crack is still within the small crack regime and at ΔK 
levels which are lower or equal to the respective long crack ΔK
th for a W319 alloy. This 
implies that the life of small components may predominantly involve the subcritical 
growth of small cracks and that prediction of fatigue life is bound to be overestimated T.O. Mbuya    Chapter 2: Literature review 
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if based solely on long crack growth data. Moreover, Caton et al. [9, 11] also observed 
a significant influence of the applied stress, heat treatment temper (T6 vs. T7) and 
solidification rate (i.e., SDAS) on the small crack growth rate behaviour of the W319 
alloy. The magnitude of the stress effect was observed to be more pronounced with 
decreasing yield strength ( i.e., T7 vis-a′-vis T6) and in coarse microstructure (i.e. SDAS 
∼100 µm as opposed to 23 µm). 
 
Shiozawa et al. [87] investigated the small crack behaviour of squeeze cast AC4C-T6 
and AC8A-T6 alloys and observed that the cracks grew intradendritically at enhanced 
rates but were significantly decelerated when they grew through the eutectic region 
along the Si/Al interfaces. Moreover, this was often accompanied with crack deflection. 
When the crack length was above 1 mm, the crack retardations at Si particles ceased as 
they were no longer efficient barriers. Plumtree and Schafer [108] also investigated a 
squeeze cast A356-T6 alloy and observed that at low strains (0.36%) cracks initiated via 
Si particle debonding at the interdendritic triple points and then progressed through 
the eutectic Al while avoiding Si particles. Further growth was both intradendritic and 
through the eutectic region where reduced crack growth rates were observed. No such 
retardations were observed after the crack grew through two dendrite cells. Moreover, 
when higher strains (1 %) were applied, the cracks initiated via either particle fracture 
or debonding and grew at much higher rates than those experienced at low strains 
without decelerating at the eutectic regions. This indicates that, at the higher strain, 
the attendant crack tip driving force was high enough to overcome the resistance 
offered by the Si particles. 
 
Crack deflection and growth retardation have also been observed at β-Al
5FeSi particles 
in a similar A356-T6 alloy by Yi et al. [109] in which the cracks preferred to grow 
through the eutectic region during the early stages. It is the opinion of the current 
author that such preferential early growth at the eutectic regions is somewhat 
counterintuitive since the Si particles are expected act as barriers and offer some crack 
growth resistance. It is possible though that such early growth was characterised by 
microcrack coalescence as observed by Han et al. [107] and was therefore yet within 
the realm of crack initiation processes. Indeed, studies by Gall and co-workers [194, 
195] do show that small cracks grow preferentially through the α-Al matrix and only 
traverse through the eutectic region out of necessity due to the 3D nature of the 
dendrite cell structure. Even then, the crack preferentially grows (at reduced rates) 
through the Si/Al interface, which generally seems to be the preferred particle failure 
mechanism at this stage of crack growth as evidenced by several other researchers [87, 
109, 196] in hypoeutectic Al-Si alloys (mainly the A356 type alloys). T.O. Mbuya    Chapter 2: Literature review 
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In the more complex near eutectic Al-Si piston alloys, Joyce et al. [135] have also 
observed classical small crack behaviour with retardation and even arrest at primary Si 
particles. Moreover, from their quantitative analysis of the Si particle sizes, they noted 
that the crack tended to sample a higher number of Si particles whose mean size was 
larger than that of the overall population. It is not clear whether crack growth through 
the Si particles was mainly via fracture or interface debonding. However, the authors 
indicated that crack initiation occurred at these particles exclusively via a fracture 
mechanism at room temperature. It is possible that the preferential crack propagation 
through large Si particles was facilitated by their higher propensity to crack as 
previously discussed. 
 
Moffat [55] also recently assessed the small crack growth behaviour of the model 
piston alloys shown in Table 1.1 using a combination of acetate replication, optical 
microscopy, EBSD and high resolution synchrotron X-ray tomography. Classical small 
crack growth was also observed in the alloys investigated with frequent retardation and 
arrest often associated with surface or subsurface intermetallic particles. Furthermore, 
crack growth was often observed to resume after the particles failed by fracture or 
debonding. In some cases, secondary cracks reinitiated ahead of the crack tip with 
intact particles bridging the crack wake before eventually failing as usually observed in 
fibre reinforced composites. The crack tips were therefore often discontinuous and 
were basically diffuse regions of microdamage and intact ligaments. Significant crack 
deflections were also observed to occur due to crack interaction with second phases 
although this was not always obvious from 2D surface observations as shown in Figure 
2.19. 
 
There are also some interesting observations on the effect of grain boundaries. For 
example, Buffiere and co-workers [106, 131] used a combination of SRCT, EBSD and a 
gallium penetration technique to show that short cracks mainly retarded and even 
temporarily arrested at grain boundaries in an A356 type alloy. Moreover, they also 
observed that the short crack often shifted from intergranular to transgranular 
propagation modes and/or vice versa depending on the geometry of the adjacent 
grains and the mismatch in their crystallographic orientation. For example, they 
observed that the crack prefers to enter a new grain from regions on the grain 
boundary where tilting was possible as opposed to twisting. As such, where twisting is 
required, it finds it more favourable to deflect and grow along the grain boundary 
instead of traversing into the next grain. These authors indeed underscored the 
significance of 3D analysis of crack growth behaviour because sources of crack 
retardations were not always apparent through 2D surface observations but could T.O. Mbuya    Chapter 2: Literature review 
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easily be traced to grain boundary interactions underneath the surface. It is noted that 
Si particles (or dendrite eutectic cell boundaries) did not seem to have any effect on the 
crack growth behavior on a nominally similar material, contrary to previous 
observations [87, 108]. 
 
The significance of grain boundaries in determining the crack growth character of 
short cracks has also previously been observed by Han et al. [107] and recently by 
Brochu et al. [141] in A356 and 357 type alloys respectively. Han et al. [107] observed 
multiple crack initiation at Si particle clusters, followed by early coalescence events 
within the clusters forming what they called a meshy crack growth that seemed to 
trace eutectic cell boundaries. The authors observed effective retardation of crack 
growth at grain boundaries for the permanent mould cast alloy which was immediately 
followed by acceleration and often crack deflection when the cracks crossed into new 
grains. The grain boundaries of semi-liquid die cast alloys provided only weak 
obstruction to crack extension although crack deflection and branching was often 
observed to occur at these boundaries. Interdendrite cell boundaries were also found 
to be weak barriers which coincides with results by Buffiere and co-workers [106, 131]. 
 
The effectiveness of grain boundaries as barriers to short crack growth will be 
expected to be higher if the relative misorientation between the adjacent grains 
forming the boundary is large. This is often associated with the effectiveness of 
pinning slip bands emanating from the crack tip at the grain boundary and therefore 
confining local microplasticity within the current grain [61]. As a result, the crack 
decelerates as it approaches the boundary due to the gradual decrement of its plastic 
zone. The extent of retardation or period of arrest at the boundary will depend on the 
number of loading cycles necessary for dislocation mechanisms to be activated in the 
next grain which is directly proportional to the degree of misorientation. Moreover, the 
subsequent crack growth direction will be determined by the direction of the primary 
slip system in that grain.  
 
It is common to observe multiple crack initiation events in Al-Si alloys which generally 
depends on the applied stress, the cyclic hardening/softening behaviour of the alloy 
and the geometrical attributes of microstructural features (or defects) and their spatial 
distribution [56, 134, 135]. These multiple cracks do not necessary grow to form 
dominant fatal cracks although they can significantly influence the crack growth 
behaviour of the dominant crack through various coalescence and shielding 
mechanisms. Such behaviour becomes particularly important at higher applied stresses 
(or strains) where crack initiation occurs early during cycling loading and the T.O. Mbuya    Chapter 2: Literature review 
 
43 
 
probability for multiple cracking is high [197]. The growth of short cracks in multiple 
crack initiation situations often involves crack coalescence events which can begin 
quite early to form a dominant crack and probably continue to the later stages of 
fatigue failure depending on the density of microcracks in close proximity to the 
general direction of the main crack. In tandem with the main crack, other secondary 
cracks may also grow or completely arrest through various retardation mechanisms 
which will depend on the local microstructural barriers and possible shielding 
mechanisms induced by adjacent cracks [198]. 
 
For example, Storlaz et al. [134]observed multiple crack initiation events at eutectic Si 
and β-Al
5FeSi particles in a model binary Al-11.4 wt.%Si alloy loaded in low cycle fatigue 
(i.e., at plastic strain amplitudes of 2x10
-4 to 3x10
-3). They observed that microcracking 
occurred at less than 5% of the total fatigue life before a dominant crack was formed 
through subsequent coalescence. The authors however reported that this multiple 
cracking did not occur in another binary Al-12.6Si alloy at the same applied strain 
amplitudes. The authors [134] further observed multiple cracking of eutectic Si at low 
plastic strains in a binary Al-16.4Si alloy. They argued that multiple cracking was 
favoured when the strain energy required for the initial crack to propagate was higher 
than that required for additional multi-cracking at other potential fatigue crack 
initiation sites. According to the authors, the driving force for crack extension is 
provided by the stress concentration at the short crack tip (i.e., proportional to the 
crack length) while crack growth resistance is proportional to the interparticle distance, 
λ (i.e., the Al matrix ligament between particles). The initial crack was assumed to 
occur at the largest particle and its length was equivalent to the particle’s maximum 
dimension, l
max. They therefore postulated that resistance to the growth of this nascent 
crack could be governed by the ratio l
max/λ. As such, alloys with lower values of l
max/λ 
(i.e., 3.8 for Al-11.4 wt.%Si and 4.4 for Al-16.4 wt.%Si) exhibited multiple cracking and 
improved fatigue life while a single dominant crack formed in alloy Al-12.6 wt.%Si 
which had a higher value (i.e., 9.0). 
 
Multiple crack initiation at casting porosity and second phase particles has also been 
observed by Moffat [55] in the model piston alloys shown in Table 1.1. The dominant 
fatigue cracks were seen to involve significant coalescence events especially in the low 
Si alloy (Al0.7Si) where numerous cracks were observed to occur from porosity. 
Furthermore, such multiple crack initiation at casting pores has previously been 
observed in several cast aluminium alloys as for example in reference [199] for an 
A356 alloy. In addition to the usual small crack modelling issues discussed previously, 
multiple cracking and subsequent coalescence and shielding events before and after T.O. Mbuya    Chapter 2: Literature review 
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the formation of the dominant fatigue crack can provide significant challenges due to 
the highly stochastic nature of these events. The problem becomes even more 
confounding when subsurface crack initiation and growth occurs as, for example, 
observed by Moffat [55] in the Al0.7Si piston alloy and by Seniw et al. [156] for an 
A356 alloy. As such, it often becomes necessary to approach the problem through a 
combination of micromechanical modelling and probabilistic simulations [115]. 
2.4.3  Long fatigue crack growth  
The near threshold fatigue crack growth in cast Al-Si alloys is significantly influenced 
by crack closure [9, 200, 201]. As such, loading conditions as well as microstructural 
and environmental factors that affect crack closure are bound to affect the near 
threshold crack growth behaviour. For instance, experimental evidence shows that ΔK
th 
reduces with R for these alloys, which is generally attributed to the crack closure 
dependence on R [166, 200, 202, 203]. This is supported by observations that the 
effect of load ratio on ΔK
th and on the overall crack growth behaviour become largely 
insignificant after closure correction or at substantially high R values (e.g., at R values 
above ∼ 0.8 for A356-T6 alloy as shown in Figure 2.20 [200]). 
 
Moreover, several investigators [9, 95, 96, 201] have shown that the near threshold 
crack growth resistance of several cast Al-Si alloys (e.g., A356 and 319 type alloys) is 
enhanced by coarse microstructure such as SDAS and interdendritic microconstituents. 
Because of the low crack tip forces at near threshold, crack growth is primarily 
crystallographic and therefore typically characterised by frequent crack deflections 
depending on the local crack tip interaction with cell boundaries and microstructure 
features [95, 204]. The extent of these deflections depends on the slip distance (which 
may be determined by SDAS or grain size [140]) and the size, shape and spatial 
distribution of Si and intermetallic particles at the cell boundaries. In addition to the 
obvious beneficial effect of increased crack path and reduction in the mode I crack tip 
driving force [97], the fracture surface roughness caused by these deflections also 
induces roughness related closure mechanisms such as RICC and OICC. The influence 
of these closure mechanisms are particularly more pronounced at near threshold 
because of the small attendant CTODs. The extent of the deflections will typically be 
larger in coarse microstructure but may also be influenced by the slip character of the 
alloy as may, for example, be determined by the heat treatment [204]. 
 
As often observed in wrought Al alloys [94], enhanced crystallographic crack growth 
along the primary slip system has been observed by Jiang et al. [204, 205] in 
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significant crack deflection and resistance to crack growth. Moreover, results reported 
by Caton [9] on the crack growth behaviour of a W319 Al alloy show that the alloy’s 
resistance to crack growth is improved especially at near threshold when subjected to 
an overaging T7 temper as opposed to the peak aged T6 heat treatment. An 
examination of the micrographs reported in Jiang et al. [204, 205] shows that crack 
interaction with the eutectic structures at the dendrite cell boundaries frequently 
interrupted the crack path and caused deflection. The dendrite cell size therefore 
seems to act as an effective slip distance as opposed to grain size. However, slight 
changes in the growth direction may still take place at grain boundaries and cause 
large wavelength deflections as for example observed by Han et al. [206]. 
 
There is little information in the scientific literature on the role of grain size on the 
growth behaviour of long cracks in cast Al-Si alloys. However, recent work by Lados et 
al. [96] shown in Figure 2.21 indicates that grain size may not be of significant 
importance. This is contrary to the growth behaviour of small cracks which are 
significantly influenced by grain boundaries and therefore grain size as discussed in 
the previous section. This can be understood by considering the metallurgical 
averaging of larger cracks due to the larger numbers of grains encountered at the 
crack front such that their overall effect tends to cancel. Although local crack 
deflections at grain boundaries would contribute to the fracture surface roughness, the 
effect of such large wavelength deflections seem to be overshadowed by the short 
wavelength deflections at dendrite cell boundaries and second phases. Nevertheless, 
useful insight could be gained from a systematic mechanistic characterisation 
(preferably 3D) of the interaction of long cracks with grain boundaries and their 
possible role in crack growth behaviour may then become better understood. 
 
On the other hand, the beneficial effect of coarse eutectic Si particles in enhancing 
near threshold crack growth resistance is fairly well documented. For example, Lados 
et al. [96] reported slight improvements in ΔK
th in the unmodified versions of an A356 
type alloy and a near eutectic Al-Si-Mg alloy which had slightly higher average Si 
particle sizes. Similar observations have also been made by Kim et al. [207] in a semi-
solid cast A356 alloy. In both studies, the authors observed that the coarse Si 
microstructures experienced higher growth rates at higher ΔK (i.e., typically at regime 
III) as compared to the fine Si microstructures. Both research groups further observed 
that the Paris regime was somewhat insensitive to the Si particle size. However, results 
by Kumai et al. [208] indicate that although faster growth rates attend in coarse SDAS 
microstructures in an overaged A356 type alloy, the beneficial effect of coarse Si 
particles can still persist at the Paris regime at a given SDAS. Whereas improvements in T.O. Mbuya    Chapter 2: Literature review 
 
46 
 
crack growth resistance at near threshold can readily be attributed to closure, Kumai et 
al.’s results were attributed to the observed higher yield strength in microstructures 
with coarse Si. 
 
There is a general developing consensus that near threshold crack growth in most cast 
Al-Si alloys is preferentially through the α-Al matrix and only interacts with second 
phases out of necessity for it to continue growing [194, 196, 209]. The crack will 
therefore tend to avoid the hard and stiffer second phase particles (Si particles and 
intermetallics) in line with Padkin et al’s [210] observations that at low ∆K, cracks will 
deflect away from particles that are harder and stiffer than the α-Al matrix. However, 
because of the 3D nature of the interdendritic structures, some form of particle failure 
becomes inevitable. The question then becomes whether the encountered particles will 
fail via a debonding or fracture mechanism. Experimental evidence shows that 
debonding is the favoured mode of particle failure at the low values of ΔK although 
this really depends on several factors such as the type of particle, its size, aspect ratio 
and more importantly, the alignment of its major axis to the loading direction [194, 
203, 211, 212].  
 
Gall and co-workers [194, 195] observed that in a Sr-modified A356-T6 alloy, early 
fatigue crack growth was exclusively through α-Al dendrites. Early fatigue crack growth 
avoided Si particles and only propagated through α-Al
15(Fe,Mn)
3Si
2 particles if they were 
directly in line with the crack plane. However whenever the crack inevitably 
encountered the Si particles, it grew primarily along their interface except for 
occasional cases of particle fracture when their major axis was perpendicular to the 
crack plane. However, at increasing crack driving forces, Si particles were increasingly 
fractured ahead of the crack tip and provided a weak path for crack growth. They 
observed a transition from a predominantly particle debonding mechanism at low ΔK 
to particle fracture at high ΔK levels (i.e., at ΔK∼5.4 to 6.3 MPa m
1/2). At the fast 
fracture regime, the crack grew almost exclusively through the Al-Si eutectic and Fe-
rich intermetallics. Similar observations were made by Chan et al. [209] although in 
their case, the transition from particle debonding at low ΔK to fracture at high ΔK was 
more gradual. Lee et al. [203] have also made similar observations. They further 
observed increased multiple cracking of Si particles ahead of the crack tip with 
increasing ΔK causing frequent crack branching due coalescence of the main crack 
front with the microcracks. The extent of Si particle cracking also increased with Si 
particle size. 
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On the other hand studies by Reed and co-workers [100, 193, 211, 213] on various 
piston alloys, including those given in Table 1.1, show that crack propagation through 
Si and intermetallic particles is inevitable even at low ΔK due to the highly 
interconnected microstructure. However, particle debonding is not necessarily the 
favoured failure mechanism. Moreover, no specific transition in the particle failure 
mechanisms was observed with increasing ΔK. However, fewer cases of particle failure 
and a preference for particle debonding were observed on the fracture surfaces when 
crack growth tests were conducted at high temperature (200
oC and 350
oC). Moreover, 
Lasa and Rodriguez-Ibabe [212] have also observed predominantly Si particle fracture 
in hypereutectic Al-Si alloys irrespective of the level of ΔK. As would be expected 
however, both research groups observed an increasing number of particles on the 
fracture surfaces with increasing ΔK and final fracture was mainly through the failed 
particles.  
 
The overall crack growth mechanism from the Paris regime through regime III therefore 
involves an increasing number of static particle failure ahead of the crack tip because 
of the enlarging plastic zone size which now samples an increasing number of particles 
which are likely to fail. The main crack then finds it easier to trace these weak 
damaged regions and therefore tends to significantly deflect or branch in the process. 
Significant microcracking can occur ahead of the crack tip especially for alloys with a 
higher volume fraction of second phase particles such as piston alloys [213]. Final 
fracture occurs due to significant damage via static particle failure modes and 
microcrack coalescence. 
2.5  Summary of literature review 
Cast Al-Si alloys constitute mainly α-Al dendrites, Si particles and various intermetallic 
phases whose type and distribution depend on the alloy chemistry and solidification 
conditions. These alloys also inevitably contain defects such as porosity and oxide 
films. These are inherent in the casting process but techniques are available to reduce 
their sizes to levels that scale with other microstructural features or even lower. These 
structural inhomogeneities influence the fatigue behaviour of these alloys and need to 
be understood for the micromechanics of fatigue failure to be characterised. 
 
Porosity is particularly detrimental to fatigue life when its size is larger than other 
microstructure features in the alloy due to its role in initiating fatigue cracks and 
facilitating their growth. Fatigue cracks usually initiate from the largest pores located 
at or near the surface. When porosity is reduced, by for instance using premium 
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begin dominating the initiation process although they are not as detrimental as 
porosity for equivalent sizes. Oxide films can be minimised by using good quality 
melts and mould filling systems that avoid surface turbulence. In their absence, 
microstructure features such as Si particles (eutectic or primary), Fe-rich particles and 
other intermetallics begin to initiate fatigue cracks and thus control fatigue life. Large 
particles located at or near the surface are more detrimental in initiating fatigue 
cracks. Modification or refinement of Si particles and reducing the size of intermetallic 
compounds should therefore delay initiation which may eventually occur at slip bands. 
 
These alloys exhibit the classical small crack problem encountered in other metallic 
materials. Small cracks are often seen to grow even at ∆K levels below ∆K
th for long 
cracks. Furthermore, the growth of these cracks is found to be retarded or even 
arrested at microstructural barriers such as Si particles, intermetallic compounds and 
even grain boundaries depending on the applied stress. Small grain sizes and coarse 
second phase particles are generally found to be more effective barriers as opposed to 
large grains and small particles. The behaviour of small cracks has been attributed to 
several factors including high local microplasticity and CTODs at surface grains which 
progressively reduce as a microstructural barrier is approached thus causing 
retardation and possible arrest. Moreover, the problem may also be partly attributed to 
lack of crack closure which becomes increasingly significant as a sufficient crack wake 
develops with increasing crack size. However, the main reason for the small crack 
problem possibly lies in the invalidity of ΔK to uniquely characterise them due to 
violation of a raft of several LEFM requirements including, but not limited, to small 
scale yielding. 
 
Near threshold long crack growth of cast Al-Si is typically retarded by coarse dendrite 
cells and second phase particles due to the low crack tip driving forces and, more 
significantly, the induced crack closure effects. Increasing SDAS and second phase 
particle (Si and intermetallics) size is therefore generally expected to reduce the 
growth rate of these cracks at near threshold and result in high ∆K
th values. However, 
such coarse particles would be counterproductive at higher levels of ΔK due to their 
low resistance to fracture as the driving force increases and more of them are engulfed 
by the crack tip process zone. This increases the likelihood for increased particle 
microcracking ahead of the crack tip which provides weakened zones for preferential 
crack growth. Finer particles such as modified Si would therefore result in a higher 
resistance to fracture and therefore lower crack growth rates at high ΔK levels and 
higher apparent fracture toughness. 
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In this project, the micromechanisms of fatigue crack initiation and growth of small 
and long fatigue cracks was characterised for hipped cast aluminium alloys designed 
for use in light vehicle diesel engine pistons. Their behaviour was then compared to 
that of their unhipped versions to evaluate the influence of microstructural features in 
the absence of porosity. In a previous study by Moffat [55], porosity was found to play 
a major role in controlling fatigue life in the unhipped alloys. 
 
In the chapters that follow, results obtained during this work are presented. Areas that 
are still actively being pursued and future possible directions are also presented. 
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Figure 2.1: Typical microstructure of (a) A356 and (b) A357 alloy [14]. 
 
 
Figure 2.2: Typical microstructure of A319.2 alloy [16]. 
 
 
Figure 2.3: Variation of SDAS with cooling rate [30]. 
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Figure 2.4: Typical maximum β plate lengths in an A356 type alloy with 0.15 wt.%Fe 
[35]. 
 
 
Figure 2.5: Typical average Fe-bearing and Si particle sizes (equivalent circle diameters) 
and aspect ratios of unmodified and Sr-modified A356-T6 and A357-T6 cast alloys [40]. 
Note that the Fe-bearing particles in A356 are mainly β-Al
5FeSi platelets while those in 
A357 are π-AlFeMgSi Chinese scripts. 
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Figure 2.6: (a) An optical micrograph of an AE413 piston alloy showing a cluster of 
various types of second phase particles (etched in 0.5 wt.%HF for 15 seconds). (b) 
Backscattered SEM images of various intermetallic phases found in the AE413 piston 
alloy [54]. 
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Figure 2.7: 3D SRCT image of (a) a model Al0.7Si (obtained during this study) and (b) 
A356 type alloy exposing the 3D network of intermetallics in Al0.7Si (in white) and 
eutectic Si particles (in yellow). The SRCT image in (b) was taken from ref [214].  
 
 
Figure 2.8: Schematic of a typical S-N curve for most engineering materials. 
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Figure 2.9: S-N curve of W319-T7 cast aluminium alloy showing that no fatigue failures 
occur at σ
a = 56 MPa even after 10
9 fully reversed constant amplitude loading cycles. 
[64] 
 
 
Figure 2.10: A schematic of an S-N curve illustrating the dependence of crack initiation 
life on the applied stress amplitude. T.O. Mbuya    Chapter 2: Literature review 
 
55 
 
 
Figure 2.11: A schematic illustration of typical fatigue crack growth rates (da/dN) as a 
function of the applied stress intensity range (∆K) in metallic materials showing the 
three main growth rate regimes and effects of several major variables [98]. 
 
 
Figure 2.12: Typical short fatigue crack growth behaviour as opposed to long cracks 
[215]. 
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Figure 2.13: Examples of fatigue crack initiation at pores. (a) SEM image of the 
initiating pore at the fracture surface of A356 alloy [152]. (b) Optical micrograph of the 
surface of a sample of an A356 type alloy showing the initiation of a crack by 
decohesion of Si/Al interfaces (arrows) at the vicinity of a pore [131]. 
 
 
Figure 2.14: Distribution of fatigue life with defect size and stress amplitude in A356-
T6 alloy at (a) SDAS = 20–25 µm, (b) SDAS = 70–75 µm [124]. 
 
(b)  (a) T.O. Mbuya    Chapter 2: Literature review 
 
57 
 
 
Figure 2.15: Fatigue crack initiation at a surface hollow [126]. 
 
 
Figure 2.16: 2D FEA results for an A356 alloy showing the distribution of the maximum 
in-plane principal stress normalized with respect to the far field stress (120 MPa) acting 
in a horizontal direction for two pores of different shapes [142]. T.O. Mbuya    Chapter 2: Literature review 
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Figure 2.17: Two-parameter Weibull plots for fatigue lives of the Sr-modified A356 
casting alloy according to the fatigue crack initiation sites [124].  
 
 
Figure 2.18: Fatigue crack nucleation from (a) a large Chinese script Al
15(Fe,Mn)
3Si
2 
particle and (b) slip bands (arrowed) [11]. 
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Figure 2.19: (a) Optical image showing particle cracking and debonding as the crack 
propagates in unmodified Al7Si piston alloy [55]. (b) 3-D CT volume of the region 
indicated by an arrow in (a) showing a large intermetallic particle underneath the 
surface which caused the deflection observed on the surface [55]. 
 
 
Figure 2.20: Variation of near threshold fatigue crack growth rates with R ratio [200]. T.O. Mbuya    Chapter 2: Literature review 
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Figure 2.21: Effect of grain size on the large fatigue crack growth behaviour of (a) 
unmodified and (b) Sr-modified A356 type alloy (T61 temper) [96]. 
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Chapter 3  Microstructure and defect 
analysis 
3.1  Introduction 
The discussion in Chapter 2 clearly demonstrates the need for a detailed 
understanding of the microstructure of any material under consideration whether for 
general or specific engineering applications. Information on microstructural attributes 
is not only useful for micromechanical analysis but also for improved (or customised) 
alloy design and processing. This chapter presents details on the microstructure and 
defect analysis carried out in this study on the model cast aluminium piston alloys. The 
techniques employed for microstructural analysis included the conventional 2D image 
analysis using optical microscopy (OM) and SEM and advanced 3D imaging using X-ray 
microtomography (CT). The 2D quantitative analysis techniques employed in this work 
are discussed in detail in the textbook by Underwood [1]. Furthermore, the relevant 
methods for microstructure analysis of the alloys investigated have been summarised 
by Moffat [2]. A detailed analysis of these methods was therefore deemed unnecessary 
and is not provided. However, the rapid development in 3D imaging technology makes 
a brief overview of the subject necessary. The overview is integrated in Section 3.2 on 
methods rather than as a separate review. It is not intended to be a comprehensive 
review of the subject. However, typical examples of recent applications are provided to 
illustrate the need and together with the capabilities (and limitations) of two of the 
most common 3D imaging techniques (i.e., serial sectioning and X-ray 
microtomography). 
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3.2  Materials and methods 
3.2.1  Materials  
The low Si model piston alloys (i.e., Al7Si-Sr and Al0.7Si alloys) shown in Table 1.1 
were the focus of this investigation. These alloys were supplied by Federal Mogul (FM) 
as unfinished pistons aged to the T5 temper at 230
oC for 8 h and their compositions 
were obtained using optical emission spectroscopy by the manufacturer (FM) [2]. The 
main difference between the alloys is in their Si content and they have therefore been 
consistently referred to as Al7Si-Sr and Al0.7Si in line with their respective approximate 
Si level. It should be noted from the outset that these alloys are respectively equivalent 
to LVD26 mod and LVD27 in Moffat’s recent doctoral research [2]. For convenience, the 
current notation will be adopted henceforth even when referring to results reported by 
Moffat [2] for comparison.  
 
Al7Si-Sr is modified by Sr to transform the eutectic Si particles to a fine fibrous 
structure from a typically coarse acicular eutectic Si morphology in the unmodified 
state. Alloy Al0.7Si is technically not an Al-Si cast alloy since its Si content (0.67%Si) is 
well below the maximum equilibrium solid solubility of Si in Al (i.e., 1.65%Si [3]). The 
alloy is therefore not expected to contain Si particles within its dendritic 
microstructure. In Moffat’s work [2] the alloys had been supplied as unfinished pistons 
aged to the T5 temper at 230
oC for 8 h. Specimens for microstructure analysis and 
mechanical testing were then taken from the piston crowns and further aged at 260
oC 
for 100 h to provide a practical simulation of in-service conditions. In the current work, 
Al7Si-Sr and Al0.7Si alloys were also provided as unfinished pistons but after having 
been hipped at 490
oC and 100 MPa for 4 h, followed by a solution treatment at 480
oC 
for 2 h, a water quench and finally aged for 8 h at 230
oC. Specimens were also 
obtained from the crowns and overaged at 260
oC for 100 h in line with previous work 
[2]. The focus of this chapter is on a comparative microstructural analysis of the 
hipped and unhipped versions of Al7Si-Sr and Al0.7Si alloys. The quantitative 
stereological microstructure analysis reported by Moffat [2] on the unhipped materials 
is also provided for  comparison with the stereological study carried out on the hipped 
microstructure in this work.  
3.2.2  Two dimensional microstructural analysis 
3.2.2.1  Specimen preparation and microscopy 
Figure 3.1a is adopted from ref [2] and shows a photograph of a typical piston and a 
sectioned crown placed on top showing locations at which quantitative stereology was T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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conducted by Moffat [2] (i.e., edge, quarter and middle). The distance of these 
locations relative to the top surface of the piston crown was however not reported. In 
the current study, quantitative stereology for the hipped alloys was conducted at the 
locations shown in Figure 3.1b. It should be noted that microstructural differences 
were not expected between corresponding locations of ‘edge 1’ and ‘edge 2’ because 
of the symmetry of the piston design. However, these locations were chosen in order 
to clarify any microstructural inhomogeneities within the piston crown from the top 
surface towards the gudgeon pin boss. This is particularly important because fatigue 
cracks are reported to originate from the combustion bowl edge region at the top 
surface of the piston crown and at the upper pin boss region [4, 5]. Depending on the 
piston design, any of the ‘top’ locations (‘edge1 top’, ‘middle top’ and ‘edge2 top’) in 
Figure 3.1b could conceivably be near the combustion bow edge while the ‘bottom’ 
locations (‘edge1 bottom’, ‘middle bottom’ and ‘edge2 bottom’) are near the upper pin 
boss region.  
 
This analysis was motivated by a qualitative observation of finer microstructure nearer 
the ‘middle top’ location as compared to the ‘middle centre’ location. Furthermore, 
these two regions coincide with the most stressed regions on S-N fatigue specimens. 
All fatigue and tensile test samples used in the previous [2] and current studies were 
sectioned from the piston crowns with their lengths along the direction shown in 
Figures 3.1a and 3.2a (i.e., perpendicular to the riser direction). The upper surfaces of 
the top S-N specimens (see Fig. 3.2a) were approximately 4 to 5 mm below the 
topmost crown surface. The upper surfaces of the lower set of specimens were 
therefore approximately 10 to 11 mm from the topmost crown surface. Note that the 
S-N specimens were ∼6x6 mm
2 in cross-section and were loaded such that the 
maximum tensile stresses were experienced at the surface nearest to the top of the 
piston crown as illustrated in Figure 3.2b. The macroscopic fatigue crack growth 
direction was therefore in the direction shown in Figure 3.1a (i.e., from near the top 
crown surface towards the gudgeon pin boss region).  
 
Metallographic samples sectioned as illustrated in Figure 3.1b were polished to OPS 
finish (i.e., oxide polishing suspension of ~0.05 µm) using conventional metallographic 
preparation methods. No etching was carried out on the specimens and micrographs 
from the locations indicated were captured using a Prosilica GC1350 camera attached 
to an Olympus BH2 stereomicroscope. The software used to capture the images was 
the Prosilica GigE sample viewer (Prosilica Inc., Canada). Furthermore, some SEM 
analysis was carried out on selected S-N samples but this was mainly to identify 
secondary phases that were associated with fatigue cracks. However, some of these 
images (taken from uncracked regions) were later found to be useful for automated T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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quantitative measurements of intermetallics phases. This was due to the distinct grey 
value contrast between these phases and the aluminium matrix when the SEM images 
are taken in backscatter mode. SEM analysis was performed on a JEOL JSM 6500F 
microscope at an accelerating voltage of 15 kV. The microscope is fitted with an 
Oxford Inca 300 energy dispersive X-ray suite. 
 
The microstructure of the alloys under investigation along with other multicomponent 
Al-Si model piston alloys have been characterised in detail by Chen [6]. Moreover, 
detailed microstructure analyses of other multicomponent Al-Si piston alloys with 
slightly different compositions have previously been carried out by several researchers 
[6-10]. However, the focus of these studies was mainly on phase identification rather 
than quantitative microstructural characterisation. The thrust of the current 
investigation was therefore on quantitative analysis as the various phases found in 
these alloys have largely been identified and reported. This work is an extension of 
quantitative investigations by Moffat [2] with some of his results being presented 
herein for comparison purposes. Nonetheless, limited phase identification using 
SEM/EDX was carried out on S-N samples to identify fatigue crack initiating particles. 
The EDX results were compared with results by Chen [6] and previous reports [7, 8] to 
correctly identify the phases observed. As will be shown however, some new phases 
were identified in this study which had been omitted in the previous studies. 
3.2.2.2  Quantitative stereology 
The volume fraction (V
f) of second phases can be shown analytically to be equal to 
their point fraction (P
P), lineal fraction (L
L) or area fraction (A
A). Details of the 
derivations and the measurement techniques using these methods are described in 
Underwood [1] and summarised by Moffat [2] as already mentioned in Section 3.1. 
Quantitative analysis of secondary phases and dendrite cells was carried out using 
lineal fraction analysis (LFA) according to the method used by Moffat [2]. Quantification 
of porosity using these method was attempted but found to be unreliable after it 
became apparent that it was impossible to distinguish clearly between oxides and 
pores in 2D optical micrographs. SEM images could be used for porosity analysis where 
it would be possible to distinguish between oxides and pores. It was, however further 
observed that pores were frequently not within the field of view of the microscope at 
x500 magnification or at even lower magnifications (e.g. x200). It would require a 
large number of micrographs to accurately characterise the 2D features of pores. This 
was deemed unnecessary since the same objective could be better achieved using x-ray 
microtomography as presented in Section 3.3. 
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In summary, lineal fraction analysis involves randomly placing a line of known length 
on the micrograph taken from the location of interest at random. The individual 
particle intercept distances are then measured, summed up and then divided by the 
total length of the line to give the lineal fraction (L
L). This was repeated on 10 
micrographs taken at random points within each location of interest shown in Figure 
3.1b. ImageJ software (http://imagej.nih.gov/ij/index.html) was used for lineal 
measurements on micrographs taken at a magnification of x500. The choice of the 
magnification and number of images was informed by Moffat’s analysis [2]. 
 
Although Moffat [2] used both lineal fraction and point fraction analysis (PFA) to 
quantify secondary phases, only lineal fraction analysis was employed in the current 
study to avoid unnecessary duplication. Furthermore, LFA gives more information than 
just the V
f of particles. For example, the mean particle intercept distance (L
3) can be 
obtained by dividing the sum of individual particle intercepts by the total number of 
intercepts for each line (one line for each of the ten random micrographs) and taking 
an average. For these alloys, the mean particle intercept distance is a measure of the 
average particle size. Furthermore, the mean free distance (λ) can also be obtained by 
simply summing up the individual free distances for each line (lengths between two 
adjacent particles along each line) and taking an average. The mean free distance is a 
mean edge-to-edge distance between particles and is a measure of the uninterrupted 
distance (spacing) through the matrix averaged over all possible pairs of particles [1].  
 
It should be noted that the interdendritic region (eutectic region) of the Al7Si-Sr alloy 
contains both eutectic Si and intermetallic particles that are relatively closely spaced; 
typically into particle clusters. The mean interparticle distance within these regions is 
expected to be smaller compared to that of the overall microstructure and can be 
considered as a measure of particle clustering (or dispersion) within the eutectic region 
[11]. In a loaded specimen, particle clustered regions are in a highly constrained state 
in which the matrix material trapped between the particles is shielded from plastic 
deformation [12]. This can lead to an overall load shedding effect from particle poor to 
particle rich regions [13] thus increasing the local stresses in these stiffer regions. 
Quantification of these regions is therefore useful and a typical measure of their size 
can be obtained by measuring the eutectic intercept lengths. The mean free distance 
between these eutectic regions would in this case be equivalent to the dendrite cell 
size (DCS).  
 
The dendrite cell size and secondary dendrite arm spacing (SDAS or sometimes 
referred to as ‘DAS’ in short) are equivalent in terms of the feature they aim to 
measure (i.e., the primary α-Al cell size). However, the method of measurement is T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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different [14]. While DCS is measured by placing random lines on micrographs, SDAS is 
measured by placing edge-to-edge lines over small groups of well-defined cells (or 
dendrite arms) and then dividing the length of each line by the number of intercepted 
cells. The values obtained for each line can then be averaged to obtain the mean value 
of SDAS for the region of interest. The two methods were employed in determining the 
size of the primary α-Al cells in Al7Si-Sr while only SDAS was used for Al0.7Si. 
3.2.3  Three dimensional microstructure analysis 
3.2.3.1  Introduction 
Conventional methods for microstructure characterisation usually involve 2D image 
analysis on sectioned and polished specimens. These specimens can be characterised 
using OM or SEM which can provide a wide range of possible resolutions. However, 
most microstructures are 3D in nature and their geometric attributes in the bulk (e.g., 
amount, size and shape distribution and their spatial arrangement) significantly 
influence the mechanical response of materials [15]. The need to characterise 
microstructure in 3D has therefore long been recognised [16, 17]. It is, admittedly, 
possible to accurately obtain some 3D feature information such as the volume fraction 
of second phases from 2D analysis [1]. The shapes and sizes of many simple features 
(e.g., spheres and cubes) can also be accurately deduced from 2D image analysis. 
However, for complex microstructures, the number density, sizes, shapes, spatial 
distribution and interconnectivities of features can be better characterised in 3D [17, 
18].  
 
The complexity of microstructure features is best illustrated in Figure 3.3 used by 
Anson and Gruzleski [19] in an effort to characterise shrinkage porosity and 
discriminate it from gas porosity. Gas porosity is formed due to precipitation of gas 
(usually hydrogen in Al alloys) and is typically near spherical in shape. On the other 
hand, shrinkage porosity is a consequence of volumetric shrinkage of the alloy during 
solidification and is usually irregularly shaped as illustrated in Figure 3.3. This is 
because shrinkage porosity forms at the interdendritic regions during the later stages 
of solidification when feeding channels essentially become restricted and isolated 
interdendritic zones are cut off from the supply of feed liquid [19]. The sizes and 
shapes of pores that form are therefore influenced by the permeability and 
morphology of these interdendritic regions as dictated by the growing dendrite arms 
and other second phase particles such as eutectic grains and intermetallic particles 
[20-22]. Shrinkage pores are therefore invariably irregular in their 3D shapes and thus 
a single pore would most likely appear as several smaller pores clustered together in a T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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2D image (Fig. 3.3). A similar scenario is expected for any other microstructure feature 
with complex morphology. 
 
Furthermore, in good quality aluminum alloy castings, the amount of porosity is 
typically less than 1% by volume while pore sizes can range from ∼25 µm to 250 µm or 
more [23]. The pore sizes are therefore relatively large although the amount of 
porosity is low such that the number density of pores is quite small and thus sparsely 
distributed on average. It would therefore be difficult to accurately characterise the 
spatial distribution of these pores using 2D microscopy since one or two pores (and 
sometimes none) would typically be seen in the microscope’s field of view at 
magnification levels that give satisfactory resolution. This is best exemplified in recent 
work by Moffat [2] on the model piston alloys under investigation. The author noted 
that porosity levels in the alloys were low (typically less than 0.1%) and therefore 
making it difficult to quantify using 2D stereological methods. However, 3D analysis of 
small volumes of ∼600 µm
3 via SRCT exposed pores with maximum dimensions as 
large as 400 µm. The current author experienced the same difficulties as indicated in 
Section 3.2.2.2.  
3.2.3.2  Serial Sectioning 
3D microstructural characterisation of engineering materials is mostly achieved 
through either serial sectioning [17, 24, 25] or x-ray computed tomography 
techniques. Serial sectioning has been used for at least four decades with increasing 
efficiency and accuracy due to recent introduction of montage serial sectioning [25] 
and automation techniques [24, 26, 27]. In its classical form, serial sectioning involves 
capturing of OM micrographs from a specimen after removing a small thickness from 
the material and repolishing. The resolution of the method is limited by the thickness 
of each serial section layer with resolutions down to 1 µm being routinely possible 
[26]. Kral and Spanos [28] have however reported exceptional layer separation of 
0.17±0.07 µm in their work on cementite precipitates. The method is however labour 
intensive and time consuming when done manually. Furthermore, the field of view of 
the micrograph captured from each serial section is usually small and unrepresentative 
of the overall microstructure. However, automation of the process and the use of 
micrograph montages at each serial section (instead of just one) have improved its 
capability.  
 
3D characterization using serial sectioning has been used to show the complex 
morphology of pores [25, 29] and even intermetallic particles [29, 30] such as the β-
Al
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β-Al
5FeSi platelets are seen to form a complex and interconnected network which has 
been confirmed by recent in-situ synchrotron X-ray microtomography (SRCT) 
solidification studies by Terzi et al [31]. Based on the serial sectioning results, the 
network of platelets was initially suggested [30] to be due impingement of individual 
platelets during growth rather than a consequence of multiple branching of individual 
platelets. However, Terzi et al’s in-situ solidification studies have shown that multiple 
branching does actually take place (Fig. 3.5). Furthermore, the growing dendrites 
contribute to the ultimate size and shape of these particles. Moreover, it is also 
suggested that eutectic Si particles may nucleate on β-Al
5FeSi platelets and the 
combined resulting network would be even more complex (see Figure 3.4b by Taylor et 
al [22]. Terzi’s work illustrates one weakness of serial sectioning and the usefulness of 
both spatial and temporal 3D microstructure analysis which is now possible with SRCT. 
 
The use of focused ion beam (FIB) sectioning while taking micrographs in an SEM has 
improved the accuracy of the method and was recently used by Lasagni et al. [32, 33] 
to study the 3D interconnectivity of Si particles in Al-Si alloys. The authors were able to 
confirm that the 3D interconnectivity of Si networks in as-cast Sr-modified Al-Si alloys 
is lost after solution heat treatment as discerned from 2D imaging of deeply etched 
samples [33, 34]. The capabilities of the FIB/SEM technique can be extended by 
coupling with energy dispersive spectroscopy (EDS) for a 3D sample chemistry analysis 
and EBSD for additional 3D quantitative information on the grain structure [35].  
 
It is clear that it is not practical to adequately capture all microstructural attributes via 
simple 2D image analysis. Furthermore, although high resolution images can be 
obtained by serial sectioning through its various modifications, it can be time 
consuming especially when done manually. Its major limitation though is that it is 
destructive and in-situ 3D investigations such as during solidification and mechanical 
failure processes are not possible. This capability is provided by X-ray 
microtomography especially at synchrotron X-ray radiation sources such as the 
European Synchrotron Radiation Facility (ESRF) at Grenoble in France [36, 37]. The 
already mentioned work by Terzi et al [31] is one example of what can be achieved in 
such facilities. However, in comparison to serial sectioning, microtomography facilities 
are not as readily available. 
3.2.3.3  X-ray microtomography 
X-ray computed tomography (CT) imaging is widely used in medicine for non-invasive 
3D procedures. The procedure has more recently been extended for 3D and 4D (i.e., 
in-situ) non-destructive characterisation of materials especially using synchrotron 
radiation sources as already mentioned. It has for example been used to characterise T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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porosity [25, 38-41] and its interaction with fatigue crack growth in cast aluminium 
alloys [40, 42-45]. It has also been used to characterise microstructure features such 
as Si and intermetallic phases [31, 37, 46] and the growth behaviour of both short [42, 
47, 48] and long fatigue cracks [49-51]. These are only exemplar publications on the 
use of CT on Al alloys.  
 
These studies have shown that this method can give 3D information on microstructure 
and crack growth that may otherwise not be possible. It is particularly important to 
note that the 3D pore size distributions measured using 3D imaging are generally 
larger than sizes derived from measurements on 2D images irrespective of whether 
these are 2D slices from 3D data [44] or optical micrographs [39]. This should be 
expected when 2D sectioning effects on irregularly shaped pores are considered as 
discussed in Section 3.2.3.1. This is significant for fatigue since it is often observed 
that the largest pores on fracture surfaces are larger than those observed in optical 
images of the same material [52, 53]. Invariably, the largest pores form the weakest 
link (or the greatest stress concentration feature) in the material where fatigue cracks 
are likely to originate [40] or propagate preferentially through [45]. Accurate 
characterisation of such pores is therefore essential. 
 
The basis of CT is similar to conventional radiography except that it involves 
acquisition of a large number of radiographs while rotating the sample typically 
between 0
o to either 180
o or 360
o. A filtered back-projection algorithm is often used to 
reconstruct the volume of the sample from the radiographs [18]. The resulting image is 
a quantitative map of the linear X-ray attenuation coefficient at each point in the 
material. This coefficient characterises the local instantaneous rate at which x-rays are 
attenuated (removed) during the scan by scatter (Compton scattering) or absorption 
(photoelectric absorption) from the incident beam as it passes through the sample. 
Photoelectric absorption depends on the atomic number and density of the material 
while Compton scattering is related to the electron density [54].  
 
Tomography can be performed in absorption, phase contrast or holotomography 
modes [18]. CT imaging for materials characterisation is typically achieved using either 
microfocus CT with a polychromatic divergent X-ray beam (Fig. 3.6 (a) and (b)) or by 
using high resolution synchrotron radiation sources (Fig. 3.6 (c)). Microfocus CTs (µCT) 
are lab-based low cost facilities that can give resolutions of ∼5 µm although feature 
detection down to ∼1 µm is possible [55]. The detector can either be a one dimensional 
(1D) line detector (fan-beam) or a 2D CCD camera (cone-beam). Both of these detectors 
are used in the µCTs in the School of Engineering Sciences (SES) at the University of 
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position of the sample relative to the source or detector [18, 56]. µCT X-ray beams are 
polychromatic (white) with a typical energy range of ∼10-225 keV [36, 56, 57]. 
Optimum scan times of ∼30 minutes are typical depending on the resolution required, 
sample size, camera size and type of source [18]. Furthermore, the white beam in µCTs 
results in low contrast [55] and is a source of beam hardening artefacts [36]. The soft 
X-rays can however be filtered by inserting thin filters (typically 1 mm thick Al or Cu 
sheets) between the source and sample but this reduces flux and longer scan times are 
therefore required and beam stability issues may arise [36]. Beam hardening 
corrections can also be done during reconstruction. Finally, the incoherence of the X-
ray beam limits phase contrast imaging using µCT X-ray scanners [18]. 
 
Synchrotron X-ray radiation sources on the other hand deliver a very high flux and the 
large distance between the source and the tomography set-up (e.g., ∼145 m at ESRF) 
results in a coherent beam necessary for phase contrast and holotomography [18]. The 
high flux allows one to use monochromatic x-rays which improve the image quality by 
suppressing beam hardening. However, the sample cannot be magnified at the 
detector and optical lenses are required to magnify the images further [36]. 
Furthermore, the parallel beam (Fig. 3.6c) allows for efficient reconstruction resulting 
in better quality images [18]. The parallel nature of the beam also means that only 
180
o rotation of the sample is required in comparison to fan or cone beams that 
require 360
o. This considerably reduces the scan time required. Resolutions down to 
0.3 µm and fast scan times down to 10 s (at slightly lower resolutions though) are 
possible [36]. Even higher resolutions are possible by insertion of special optical 
devices either upstream [58] or downstream [59] of the sample. Figure 3.7 is adopted 
from ref [60] and illustrates approximate typical resolution ranges achievable via X-ray 
microtomography in comparison with other available 3D imaging techniques. 
 
One major advantage of SRCT over µCT is its phase contrast imaging capability made 
possible due to the coherency of the beam. Phase contrast results from the 
interference (downstream of the sample) between parts of a wave at either side of an 
interface that have suffered different phase retardation [18]. At smaller sample-to-
detector distances (edge detection regime), phase jumps occur at the edges of 
microstructure features or voids (or cracks) with different refractive index. This can be 
superimposed onto the conventional absorption contrast to provide efficient edge 
detection especially when absorption only leads to weak contrast between phases of 
very similar attenuation coefficients such as α-Al and Si particles in Al-Si alloys [37]. 
Phase contrast is also useful in imaging weakly attenuating materials such as polymers 
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when the full quantitative distribution of phase information is retrieved through a 
procedure referred to as holotomography [61], which uses images taken at several 
sample-to-detector distances. 
3.2.3.4  CT imaging experiments 
In this project, 3D microstructure characterisation was carried out using both µCT and 
SRCT imaging. The use of µCT was generally limited to imaging failed S-N samples with 
significantly large cracks. Attempts at imaging small cracks were not successful due to 
poor contrast and low resolution provided by the X-tekCT Benchtop 160i µCT that was 
available. The S-N samples (~6x6 mm
2 in cross-section) were placed at 53.2 mm from 
the source and scanned at 84 kV and 88 µA obtaining a voxel size of 8.9 µm. An 
aluminium sheet of 0.95 mm thickness was used to filter out the low energy x-rays 
allowing a higher energy beam to be used for adequate penetration. An exposure time 
of 4267 ms (0.2 frames per second) and a digital gain of 1 were used for all the scans 
using the µCT. Furthermore, 2 mm by 2 mm (cross-section) samples were also scanned 
for improved resolution. These were placed 25 mm from the source and scanned at 63 
kV and 87 µA obtaining a voxel size of 4.2 µm. However, quantitative microstructure 
analysis was still not possible even at this higher magnification.  
 
To obtain better quality and higher resolution, 1x1x10 mm
3 (for Al0.7Si) and 2x2x10 
mm
3 (for Al7Si-Sr) samples of hipped and unhipped Al0.7Si and Al7Si-Sr alloys were 
scanned at ESRF’s ID19 beamline using SRCT with an X-ray beam energy of 20 keV. An 
isotropic voxel resolution of 1.4 µm was achieved for all samples imaged using SRCT. 
The hipped and unhipped samples for alloy Al7Si-Sr were both taken from the same 
location indicated as ‘middle centre’ in Figure 3.1b. While the specimen for the hipped 
Al0.7Si alloy was sectioned from a location equivalent to ‘edge 2 centre’ (or edge 1 
centre’ because of symmetry) (see Fig. 3.1b). The precise location of the unhipped 
specimen is not certain. This is because the specimen was taken from an S-N sample 
that was already available from the previous research work on the unhipped alloys by 
Moffat [2]. The piston crown location from where the S-N sample was sectioned is 
unknown. However, the specimen was cut out from one end of the S-N specimen and 
could therefore conceivably be considered to have come from near any of the six edge 
locations in Figure 3.1b. The SRCT scans of Al0.7Si alloys samples were taken at the 
early stages of this project and significant microstructure variations at the piston 
crown had not been anticipated at the time. The location from where the sample came 
had therefore not been considered as a factor.  However, qualitative microstructure 
observations at a later stage indicated possible significant variations in microstructure T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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at different locations in the piston crown. This prompted the more detailed 
microstructure analysis presented in this chapter. 
 
µCT scans were reconstructed using CT Pro Client (X-Tek Systems ltd, UK) while an 
ERSF in-house reconstruction software was used for the SRCT scans. The reconstructed 
CT volumes were analysed using VG Studio Max 2.0 (Volume Graphics GmbH) and 
ImageJ. The Adaptive Gaussian filter in VG Studio Max 2.0 was used to reduce noise in 
the CT volumes before further image analysis. This filter blurs the image without 
destroying structure depending on user defined parameters. Specifying a lower edge 
threshold value, for example, protects the edges from the smoothing process but the 
filter becomes less effective in noise reduction. 
 
Various geometrical attributes of pores and intermetallic particles were measured and 
analysed statistically as presented in the next section. The attributes measured include 
volume fraction, size and shape. The SRCT volumes were segmented using VG Studio 
Max 2.0 and then exported to ImageJ for measurement of size and shape attributes of 
both pores and intermetallics. The distributions of the various size and shape 
attributes measured were further analysed using various methods including statistical 
interpretations. 
 
Several issues should however be noted at the outset: 
 
1.  Although alloy Al7Si-Sr contained Si particles as expected (and observed in 
optical and SEM images), it was not possible to differentiate between Al and 
Si in the CT volumes (both µCT and SRCT). This was expected for the µCT 
images because the x-ray attenuation of Al and Si are very similar and phase 
contrast imaging is required to visually discriminate the two phases. On the 
other hand, holotomography would be necessary for adequate contrast for 
segmentation. Both phase contrast imaging and holotomography are easily 
achievable using SRCT at ESRF’s ID19 beamline. However, this was not 
achieved for the current specimens due to problems with the beamline optics 
at the time the scans were taken.  
 
2.  SEM observations of Al0.7Si specimens revealed the presence of several oxide 
particles (films) which could not be adequately differentiated from porosity in 
optical micrographs. These oxides could also be visually discriminated in the 
SRCT volumes. The difference in contrast between the oxides and Al was 
however not adequate to allow segmentation. Quantitative CT image analysis 
of oxides was therefore not possible although they play a significant role in T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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fatigue crack initiation and growth as discussed in the subsequent sections. 
Furthermore, as discussed in Section 3.2.2.2, the only viable option for a 
quantitative analysis of oxide was via 2D SEM image analysis. However, this 
would require a large number of images to obtain representative areas for 
reliable measurements. Nevertheless, it is an achievable goal and useful to 
quantitatively characterise these oxides for a more fundamental 
understanding of their micromechanical behaviour. 
 
3.  The intermetallic structures of these alloys are highly interconnected in 3D. 
Quantitative characterisation of these phases in 3D is therefore highly 
challenging since segmentation of individual phases is not practical. Some 
particles are interconnected in such a way that they form a semblance of a 
cellular network basically traversing the whole volume together with other 
discrete particles. Such a network would therefore be picked as one particle 
during segmentation resulting in a scenario where there is apparently one 
very large particle and several small particles. This kind of measurement does 
not provide much useful information for micromechanical analysis. 
 
In the search for a suitable method of characterising these phases, it was 
observed that 2D image analysis of SEM images could give a good first 
estimate of their geometrical attributes. There was still significant 
interconnectivity which to some extent serves as measure of the 
interconnectivity in 3D but still allows reasonable measurements to be carried 
out. Some limited measurements were therefore obtained using SEM images 
as mentioned in Section 3.2.2.2 and are reported in Chapter 4. This 
observation however provided an avenue for quantifying the intermetallic 
particles in the 3D SRCT images. Instead of quantifying the 3D geometry of 
each phase, a 2D analysis of phases in each SRCT slice was carried out. 
 
The obvious limitations of 2D image analysis remain by adopting such 
method with one exception. It is possible, in this case, to obtain the largest 
cross-sectional area of each particle in the volume as viewed from a given 
random direction. This is so because any given particle is sliced and 
measured several times (serially) through its volume along the given 
direction. It is akin to serial sectioning but without reconstructing the slices 
into a 3D volume. Furthermore, it is possible to cover a much larger area in 
each slice (up to ∼4 mm
2) which is not possible with 2D optical or SEM images 
unless a montage of several images is produced. However, it should be noted 
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number of slices cutting through it. This should therefore be kept in mind 
when interpreting the data. 
 
The main justification for this simplification of the highly interconnected 
microstructure is that the micromechanisms of fatigue crack initiation and 
short crack growth in metallic materials are localised events. Moreover, since 
fatigue failure is mainly influenced by the largest particles, this method 
makes it possible to correlate the particle size distribution with fatigue 
performance using extreme value statistics (EVS). This is discussed further in 
subsequent sections.  
 
4.  Finally, although different intermetallic compounds have been identified in 
both of these alloys in the current and previous investigations [2, 6], it was 
found difficult to quantify each individual phase using SRCT for two reasons. 
Firstly, the different phases could not be adequately discriminated and 
segmented via grey value thresholding. Secondly, several of the phases were 
highly interconnected as discussed above. This interconnectivity of the 
phases such that some particles are essentially composed of various phases 
has also been reported by Chen [6]. 
3.3 Results and analysis 
3.3.1 Two dimensional microstructure analysis 
3.3.1.1 Optical/SEM observations and phase analysis 
It should be noted from the outset that identification of various phases in these alloys 
was generally carried out on failed S-N and long crack specimens. The main reason for 
this was to identify the operating micromechanisms of fatigue cracking and crack 
growth as well as to determine the rate controlling microstructure features. However, 
this also served as a suitable avenue to carry out a limited phase analysis. It is 
therefore inevitable that some images presented in this section contain fatigue cracks 
and some are from fracture surfaces. While the images provide useful information on 
fatigue cracking micromechanisms, their main purpose in this context is for phase 
identification and interpretation of some interesting observations. Subsequent 
chapters provide detailed discussions of the micromechanics of fatigue failure. 
 
The typical optical microstructure of hipped Al0.7Si alloys is shown in Figure 3.8. By 
comparing with several SEM images such as those in Figure 3.9, a qualitative judgment 
was made that the majority of the phases in Figure 3.8 contained Ni and Cu in varying 
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micrographs unless a combined use of optical and SEM imaging is done for the same 
phases. Nevertheless, several phases were identified using SEM/EDX and some of these 
are shown in Figure 3.9. The chemical composition of the phases analysed in this alloy 
are given in Table 3.1.  
 
Chen [6] has used thermodynamic modelling (both Equilibrium and Scheil simulations) 
and EBSD combined with EDX to predict and identify the various phases in this alloy. 
Equilibrium simulations predicted the formation of Al
3Ni
2, Al
9FeNi, α-AlFeMnSi and 
Mg
2Si phases in this alloy. However these predictions would apply if the alloy is 
solidified under very slow cooling conditions which would allow for complete diffusion 
in the solid and liquid [6]. On the other hand, Scheil simulations are more 
representative of rapid solidification conditions applicable for commercial pistons. In 
the non-equilibrium Scheil simulations, Al
3Ni, Al
3Ni
2, Al
9FeNi, λ-Al
5Cu
2Mg
8Si
6 and Al
2Cu 
were predicted to occur in significant proportions but smaller quantities of Al
7Cu
4Ni, 
Al
7Cu
2Fe, α-AlFeMnSi and Si were also predicted. Based on these calculations, some Si 
particles would therefore be expected in the microstructure of this alloy, albeit in small 
proportions. The Al
3Ni
2 is also referred to as Al
3(NiCu)
2 because it also contains Cu in 
almost similar atomic proportions to Ni. It is however difficult to differentiate between 
this phase and Al
7Cu
4Ni because of their very similar crystal structures [6]. Chen [6] 
noted that most of the phases predicted were observed in the microstructure of this 
alloy except for Si, Al
2Cu and Al
7Cu
2Fe. It is therefore expected that these same phases 
should still be present in the alloy even after hipping although Mg
2Si particles may 
dissolve due to the high hipping and subsequent solution treatment temperatures (i.e., 
490
oC & 480
oC). Previous reports [62, 63] indicate that Mg
2Si phases dissolve rapidly 
(within 1 h) during the solution treatment stage of the common A356-type alloys at 
temperatures of ∼540
oC. Considering the amount of Mg in the alloy, the dendrite cell 
size and temperature, all of which influence the dissolution rates, it would be expected 
that the Mg
2Si particles in this alloy could have dissolved after holding it at the high 
hipping and solution temperatures (i.e., 490
oC for 4 h & 480
oC for 2 h).  
 
The micrograph in Figure 3.8a came from the location indicated as ‘middle top’ in 
Figure 3.1b while that in Figure 3.8b came from the ‘middle centre’ location. Note that 
the intermetallics in (a) appear qualitatively finer than those in (b). Figure 3.10 
presents low magnification optical micrographs taken from the corresponding 
locations as in Figure 3.8. It is clearly evident (albeit qualitatively) that the structure in 
the micrograph in Figure 3.10a is finer than that in Figure 3.10b. Moreover, an 
intermetallic cluster is observed in Figure 3.10b but not in Figure 3.10a. Figure 3.11 
also shows intermetallic clusters in a higher magnification SEM image of an S-N sample 
of this alloy. The interaction of such clusters with fatigue cracks is clearly depicted in T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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this figure although this is discussed further in Chapter 4. Such intermetallic clusters 
were generally observed in all other locations except for the ‘middle top’ region. 
Similarly, the finer microstructure was only observed at the ‘middle top’ location as 
compared to all the other locations investigated (shown in Figure 3.1b). The reason for 
this observation is discussed later.  
Table 3.1 The chemical compositions of the phases analysed in hipped Al0.7Si alloy. 
Al
3(CuNi)
2  Al  Si  Fe  Ni  Cu  Mg  Ca  O 
Wt% 
Average  47.92  0.98  -  21.97  29.64  0.44  -  - 
Std  6.31  -  -  3.65  4.38 
 
-  - 
At% 
Average  67.23  1.26  -  14.31  17.83  0.65  -  - 
Std  5.21  -  -  3.12  3.46 
 
-  - 
Al
3Ni 
                Wt%  61.46  -  -  38.54  -  -  -  - 
At%  77.63  -  -  22.37  -  -  -  - 
Al
9FeNi 
                Wt%  83.49  -  2.52  13.99  -  -  -  - 
At%  91.61  -  1.34  7.05  -  -  -  - 
Oxide 
               
Wt% 
Average  64.83  13.57  -  -  1.47  0.93  2.22  19.01 
Std  30.06  11.82  -  -  0.83  0.51  -  19.11 
At% 
Average  60.76  10.97  -  -  0.58  0.91  1.46  26.56 
Std  31.48  8.08  -  -  0.29  0.40  -  24.04 
 
The presence of oxide particles can also be observed in Figure 3.9. The identification 
of the oxides was confirmed via EDX whose results show the presence of oxygen and 
sometimes magnesium (see Table 3.1). It is difficult to discriminate between porosity 
and oxide particles in optical micrographs as shown in Figure 3.8. Some of the 
particles appearing as black could possibly be oxides rather than pores as would be 
assumed at first. Figure 3.12 shows a comparison of optical micrographs of unhipped 
(adopted from Moffat [2]) and hipped Al0.7Si alloys. Note that some of the particles 
identified as pores in the unhipped alloy (Fig. 3.12a) could actually be oxides. 
Furthermore, it is conceivable that the identified oxide film in Figure 3.12b could 
actually be a pore and vice versa. This ambiguity does not arise in SEM micrographs as 
shown in Figure 3.9. Porosity was actually rarely observed in SEM micrographs of the 
hipped alloy.  
 
Figure 3.13 presents interesting fatigue cracks that suggest the presence of crack-like 
oxide films. Strong support for this argument can be found in Figure 3.13a where a 
small oxide particle is seen located along the crack at the top of the micrograph and 
another one, just below, located along a barely visible crack-like structure. Thin crack-T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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like oxide defects are frequently observed in Al castings (see for example the oxide 
films reported by Fuoco et al. [64]). However, it can also be argued that some of these 
cracks may be due to failed particles just underneath the surface or possibly thin 
crack-like interdendritic pores that were collapsed but not completely welded during 
hipping. Recent observations [65] have shown that pores co-existing with oxides may 
not completely weld as opposed to oxide free pores that effectively heal during 
hipping. (The co-existence of pores with oxide films may explain why these oxides are 
not easily discerned in the unhipped alloy.) Moreover, Al-Cu based alloys (which this 
alloy practically is) are highly susceptible to hot tearing [66] such that these 
observations could also possibly be a manifestation of the existence of such hot tears.  
The proposition that some of the cracks in Figure 3.13 are a consequence of existing 
crack-like oxide films is therefore compelling and could provide an explanation for 
some of the out-of-plane cracks observed in the fracture surfaces of this alloy, as 
shown in Figure 3.14. The crack appears to extend from an oxide particle although it 
does not seem to be connected to any of the cracks in the oxide. Whereas this may 
truly be a typical bifurcation of the main crack due to particle failure (underneath the 
surface), as discussed in Chapter 5, its nature does pose the question whether it is not 
really an oxide film. 
 
An additional interesting observation in relation to oxide particles is the presence of 
small particles (bright spots) attached to some of them as shown in Figure 3.15. It is 
suggested that these particles are Al
2Cu phases which find the oxide as a favourable 
substrate for  their nucleation and growth [65]. However, the identity of the phases 
could not be confirmed in the current study using EDX due to their small size. The SEM 
micrograph also shows precipitates in the Al matrix which are believed to be θ-Al
2Cu 
and S-Al
2CuMg [2].  
 
Figure 3.16 shows typical low magnification optical micrographs of hipped Al7Si-Sr 
alloys taken from the corresponding locations on the piston crown shown in Figure 
3.1b. It is clear from the figure that there are no significant discernible differences in 
the microstructure from the different locations except for the ‘middle top’ location. 
This is similar to the observations made for the hipped Al0.7Si as already mentioned. 
Moreover, quantitative analysis in the next section will show that the dendrite arm 
spacing (SDAS) is smaller at this location compared to all other locations (see Table 
3.3). It is noted that this location is closer to the crown’s as-cast surface than any other 
location due the depression (bowl) at the centre of the piston top surface. The fine 
structure at this region can therefore be attributed to faster cooling due to the chilling 
effect of the mould on the near surface regions of the piston. It is therefore expected 
that any location at equivalent distance from the cast surface as the ‘middle top’ T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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location may experience equivalent mould chilling effects and therefore exhibit similar 
microstructure. 
 
The typical microstructure of this alloy is more clearly depicted in higher magnification 
optical micrographs shown in Figure 3.17 and SEM micrographs shown in Figures 3.18 
and 3.19. These figures show the presence of various types of intermetallics as well as 
Si particles located at the eutectic regions. It should be noted that eutectic regions are 
locally heterogeneous in the sense that some regions exhibit dense clusters of Si (and 
intermetallic) particles while others are small in size and therefore contain fewer 
particles.  
 
The various intermetallic particles observed in this alloy are identified in the SEM 
images shown in Figures 3.18 and 3.19 and the chemical composition of the phases 
analysed via EDX are given in Table 3.2. Some of the phases identified and analysed 
include, Al
3(NiCu)
2, Al
9FeNi and λ-Al
5Cu
2Mg
8Si
6 as shown in both figures and Table 3.2. 
This is consistent with observations by Chen [6] who also observed trace amounts of 
Al
7Cu
4Ni, Al
3Ni and α-AlFeMnSi phases in the unhipped version of this alloy. It is 
noteworthy that oxide particles were not observed in the microstructure of this alloy. 
This seems to suggest that the higher level of Si reduces the propensity for oxide 
formation in this alloy. 
 
However, also observed in Figures 3.18 and 3.19 is a phase indicated as Al
3(NiCuFeSi)
2 
that looks as though it is comprised of many tiny particles clustered together. This 
phase was often seen attached with Al
9FeNi particles and has a chemical composition 
close to that of Al
3(NiCu)
2 except for the higher Si and Fe contents it contains as 
compared to those commonly found in the Al
3(NiCu)
2 phase (see Table 3.2). 
Furthermore, Figure 3.19 also shows another phase, whose stoichiometry is 
approximately Al
2Ni(CuSiZrFeMg). This phase was first observed by Edwards [8] in an 
AE160 commercial piston alloy and contains Zr at significantly high levels as shown in 
Table 3.2. The phase was not thermodynamically predicted nor observed in the 
microstructure of this alloy in the work of Chen [6]. Apart from Zr, the phase also has 
substantial amounts of Ni, Si and Cu along with smaller quantities of Fe and Mg. The 
chemical composition of the phase as obtained in this study via EDX compares well 
with that reported by Edwards [8] except for the slight difference in Fe and Mg levels. 
Trace amounts of Mg were reported by Edwards [8] while the ratio of Fe:Mg was found 
to be ∼1 in this study. It is certainly important to investigate the occurrence and 
properties of this phase since it was often observed interacting with fatigue cracks and 
could therefore have some influence on the fatigue failure micromechanics. 
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Previous reports [67-69] indicate that hipping does not affect the overall 
microstructure of aluminium castings when both the hipped and unhipped castings are 
subsequently subjected to the T6 heat treatment temper. It is clear, however, that the 
eutectic Si particles in the unhipped Al7Si-Sr shown in Figure 3.20a (adopted from 
Moffat [2]) appear smaller and interconnected as compared to its hipped version 
shown in Figure 3.20b. The eutectic Si particles in the hipped alloy appear larger and 
mainly as discrete individual particles without any significant interconnectivity. The 
structural difference of the Si particles between the unhipped and hipped material may 
be attributed to the high holding temperatures during hipping (490
oC for 4 h) and 
subsequent solution treatment (480
oC for 2 h) before ageing. The unhipped alloys 
were, however, only subjected to the ageing treatment as presented in Section 3.2.1. 
Table 3.2 The chemical compositions of the phases analysed in hipped Al7Si-Sr alloy. 
Al
2Ni(CuSiZrFeMg)  Al  Si  Fe  Ni  Cu  Mg  Zr 
Wt% 
Average  38.15  11.53  1.46  33.45  8.74  1.45  7.41 
Std  1.37  3.21  0.49  1.10  3.92  0.30  1.17 
At% 
Average  53.07  15.32  0.98  21.41  5.27  2.23  3.04 
Std  1.11  3.83  0.31  1.30  2.49  0.39  0.39 
Edwards 
[8]  
Wt%  37.0  9.5  3.6  34.1  6.2  -  8.9 
At%  53.2  13.2  2.5  22.8  3.8  0.1  3.8 
Al
3(CuNi)
2 
             
Wt% 
Average  40.33  0.90  0.99  27.05  32.12   -   - 
Std  1.79  0.75   -  3.05  2.46   -   - 
At% 
Average  60.32  1.25  0.72  18.62  20.42   -   - 
Std  1.54  1.00   -  2.26  1.71   -   - 
Al
3(NiCuSiFe)
2 
             
Wt% 
Average  51.19  2.12  3.18  24.72  18.81   -   - 
Std  4.59  0.64  0.91  3.23  5.09   -   - 
At% 
Average  68.96  2.72  2.06  15.39  10.87  -    - 
Std  3.54  0.75  0.56  2.44  3.40   -   - 
Al
9FeNi 
             
Wt% 
Average  66.10  0.93  3.54  26.35  4.67  -    - 
Std  3.32  0.41  0.49  1.85  0.88   -   - 
At% 
Average  80.44  1.10  2.08  14.74  2.44   -   - 
Std  2.39  0.52  0.26  0.86  0.46   -   - 
Al
5Cu
2Mg
8Si
6 
             
Wt% 
Average  23.84  27.96   -   -  20.35  27.85   - 
Std  4.84  1.96   -   -  1.50  2.29   - 
At% 
Average  26.39  29.77   -   -  9.58  34.26   - 
Std  5.19  2.18   -   -  0.77  3.04   - 
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As already mentioned in Section 3.2.3.2, the interconnectivity of the fine coral-like 
fibrous structure of modified eutectic Si particles has previously been confirmed by via 
deep etching [33, 34] and 3D FIB/EDX tomography [32, 33]. Solution treatment is 
reported [34, 70] to result in the fragmentation, spheroidisation and coarsening of 
eutectic Si particles  in cast Al-Si alloys. The extent of this spheroidisation and 
coarsening depends on the initial as-cast microstructure (mainly the size and shape of 
the Si particles), temperature and time. This fragmentation and spheroidisation is 
believed to be driven by interfacial instability of the modified coral-like Si networks 
although the coarsening is most likely driven by the inhomogeneous and anomalous Si 
distribution within the α-Al matrix [71, 72]. Various studies [62, 70, 73, 74] show that 
for most Sr-modified A356-type alloys, the fragmentation, spheroidisation and 
coarsening transformation is rapid (during solution treatment at 540
oC) with most 
shape and size changes occurring within 1 h and saturating within ∼ 4 h. Although this 
transformation may take longer at solution temperatures of ∼490
o typically used in Cu-
containing alloys [63], some studies [75] have shown that complete spheroidisation 
can be achieved within one hour even at these lower temperatures. 
 
Most of the intermetallic compounds in this alloys are however not expected to be 
significantly transformed because they are designed to be stable at high temperature 
[4]. This explains why no significant difference in microstructure was observed 
between the unhipped and hipped Al0.7Si or between the intermetallic structures of 
unhipped and hipped Al7Si-Sr alloys.  
3.3.1.2  Two dimensional quantitative stereology 
For a quantitative assessment of microstructure variations at the different piston crown 
locations, the SDAS and percent volume fraction of hard particles (Si & intermetallics) 
were analysed and the results are presented in Figures 3.21 to 3.24. Figures 3.21 and 
3.22 indicate the variation of SDAS with piston location in hipped Al0.7Si and Al7Si-Sr, 
respectively. It is clear from both figures that the SDAS for the various crown locations 
fall within their respective standard deviations for both alloys except for the ‘middle 
top’ locations that show relatively smaller SDAS values. This seems to confirm the 
qualitative observations in the previous section that the microstructure is relatively 
finer at this location compared to the other locations investigated (see illustrations in 
Figs 3.10 & 3.16). However, the percent volume fraction of hard particles for all the 
locations investigated falls within the standard deviations of each as shown in Figures 
3.23 & 3.24. There is however significant scatter in the results which suggest a highly 
inhomogeneous local spatial distribution of hard particles. This is consistent with 
observations by Moffat [2] on the unhipped versions of these alloys. The author 
reported significant local variations in microstructure although it was relatively uniform T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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at the macro level throughout the piston crowns. This inhomogeneous local spatial 
intermetallic distribution is likely to significantly influence crack initiation and growth. 
The overall load transfer to particle rich regions is expected to be higher than those 
regions poor in intermetallic content. The local micromechanics of fatigue cracking and 
the subsequent crack path selection will therefore be influenced by the nature of the 
local stress portioning between particles and the Al matrix and how this varies within 
the microstructure. 
 
This author opines that the ‘middle top’ location experienced faster cooling due the 
chilling effect of the mould as discussed in the previous section. It is generally believed 
that the SDAS is inversely related to cooling rate [14] which explains the lower values 
of SDAS at this region. Moreover, it should be expected that the size and spatial 
distribution of secondary phases will be different at this location. To assess this 
hypothesis, the hard particle size (maximum Feret dimension or L
max) distribution for 
the ‘middle top’, ‘middle centre’ and ‘middle bottom’ crown locations of alloy Al0.7Si 
was carried out. The 3-parameter lognormal distribution function was fitted to the 
particle size data as shown in Figure 3.25. The lognormal distribution function has 
been reported [72] to provide a good fit to the size of Si particles in Al-Si alloys by 
previous researchers and was therefore chosen for fitting the current data. The 
probability density function of the 3-parameter lognormal distribution can be written 
as  
              (3.1) 
Where, 
x = Particle size (Lmax in this case) 
σ = Shape parameter (standard deviation)  
µ = Scale parameter (mean) 
τ = Threshold (minimum particle size which is zero for the 2-parameter 
distribution). 
 
Although this distribution does not seem to fit the data well as shown in the figure, it 
was nevertheless still adopted for comparison purposes. The results show that the 
intermetallic particles at the ‘middle top’ location are only slightly finer on average 
compared to the other two locations. There was however a significant drop in the 
largest particle size at this location as shown in the descriptive statistics given in the 
same figure (inset in Figure 3.25). The largest particle size at this location is ∼64 µm 
compared to ∼100 µm observed in the other two locations. A curious observation, 
however, is the disparity in the average particle size distribution between the ’middle 
centre’ and ‘middle bottom’ locations. There is no obvious explanation for this T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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observation. However, it should be noted that this particle analysis was carried out on 
a limited number of high magnification (X500) micrographs (∼10 to 20). It is therefore 
possible that edge effects may influence the measurements (i.e., some particles could 
be larger than the field of view). For example, the largest particle size for this alloy was 
found to be ∼180 µm when particle size measurements were done using ImageJ on 
selected S-N SEM images (see Table 4.3 in Chapter 4 for details). The mean particle 
size for this limited SEM image analysis was found to be 6.9 ± 8.8 µm as compared to 
mean values for the three locations shown in Figure 3.25 which ranges from 8.1 ± 7.6 
µm to 10.4 ±11.8 µm. This is actually comparable considering the standard deviations 
and the fact that the minimum threshold of particle size for the SEM analysis was taken 
at ∼1 µm compared to ∼2 µm for optical image analysis. The different thresholds were 
chosen to exclude noise whose level was higher in the optical images because of 
polishing and camera artefacts. 
 
Other measurements that were carried out as discussed in Section 3.2.2.2 include, the 
particle mean intercept distance (L
3) and the mean free distance (λ). The results from 
these measurements are detailed in Table 3.3 to avoid generating too many graphs. A 
close examination of the data for the two alloys reveals that there are no specific 
trends in the values of L
3 and λ for the different piston crown locations assessed. It 
would be expected that L
3 values for the ‘middle top’ locations should be lower 
compared to other locations but this is not apparent in the table. The mean values of 
L
3 for all the crown locations are within the standard deviations of each in both alloys. 
A similar trend is observed for the λ values except for the bold-faced values for alloy 
Al7Si-Sr which follow a trend similar to SDAS as discussed previously. The bold faced λ 
values are a measure of the dendrite cell size (DCS) which is equivalent to SDAS 
although the method of measurement is different as discussed in Section 3.2.2.2. 
Table 3.3 actually shows that the values of λ and SDAS are closely comparable. On the 
other hand, the λ values not in bold-face represent the mean inter-particle distances 
averaged over all possible pairs of particles including those that are closely spaced 
(clustered) in the eutectic regions. This value is therefore expected to be significantly 
smaller than SDAS (or DCS). 
 
The means and standard deviations of the stereological measurements from the 9 
piston locations are presented in Table 3.4 for both alloys and compared with results 
for unhipped alloys reported in Moffat [2]. Note that the data for unhipped alloys refers 
to Moffat’s results (reported in ref. [2]) unless mentioned otherwise. Moreover, porosity 
data obtained from SRCT measurements is also presented although a more detailed 
discussion of porosity distribution is given in the next section. Note that the data is T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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presented in two formats. The data which is not bold-faced represent the means and 
standard deviations of the averages from the different piston crown locations. This 
format was adopted to enable direct comparison with data for unhipped alloys 
reported in Moffat [2]. The format however, does not adequately represent the local 
microstructure variations in the piston crown. On the other hand, the bold-faced data 
represent the means and standard deviations of individual measurement results from 
all the different piston crown locations and the higher standard deviations observed 
accurately depict the local heterogeneity of the microstructure. 
Table 3.3 Quantitative stereological data on the microstructure of the hipped Al7Si-Sr 
and Al0.7Si alloys. 
  Hipped Al7Si-Sr  Hipped Al0.7Si 
Edge1  Middle  Edge2  Edge1  Middle  Edge2 
Volume 
fraction of 
hard 
particles 
(%) 
Top  19.6±6.9
a  18.1±6.2  20.2±5.2  9.7±3.3  13.0±7.9  7.9±6.8 
Centre  17.4±5.5  17.1±8.8  23.4±9.7  9.5±3.2  9.5±7.9  10.0±8.1 
Bottom 
18.9±14.6  21.0±9.0  18.7±7.8 
11.1±3.7  8.0±5.4  10.2±5.3 
Particle 
mean 
intercept 
distance L
3 
(µm) 
Top  3.3±0.9 
16.4±8.5
b 
4.1±1.5 
8.5±3.9 
3.9±1.3 
10.9±4.2 
2.8±0.4  3.7±1.5  3.2±1.6 
Centre  3.7±1.7 
14.2±8.1 
4.2±1.9 
15.4±11.4 
5±1.7 
14.8±4.2 
4.4±4.8  2.8±1.1  3.9±2.1 
Bottom  3.9±1.9 
12.1±6.1 
3.7±1.1 
12.9±13.4 
3.8±0.9 
16.5±8.1 
3.8±1.4  2.5±1.3  3.6±1.3 
Mean free 
distance λ 
(µm) 
Top  13.8±5.0 
31.1±8.9 
17.8±5.2 
22.3±4.8 
15±5.7 
33.9±21 
23.0+5.8  23.3±10.1  27.0±15.1 
Centre  16.3±4.8/ 
33.5±13.1 
26.4±15.1 
30.9±7.1 
17.6±9.2 
32.6±4.5 
24.5±7.8  26.8±16.8  27.5±6.4 
Bottom  20.2±11.0 
28.0±7.9 
16.7±10.9 
31.8±6.4 
17.1±7.0 
28.7±6.9 
25.0±4.3  26.7±10.2  28.5±9.8 
Dendrite 
arm size 
(µm) 
Top  31.3±5.1  22.0±3.6  26.9±6.0  36.9±7.3  28.6±7.8  38.4±7.5 
Centre  30.1±6.8  29.5±7.7  29.6±4.9  36.5±7.5  38.6±8.4  37.5±9.1 
Bottom  27.3±4.9  26.6±5.1  29.2±4.7  43.8±12.7  40.9±10.0  39.0±10.1 
aThe value after the ± represent the standard deviation of measurement. 
bThe data in bold 
represent results obtained when the eutectic regions were treated as a single feature (particle) 
(see text for details). 
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The data in Table 3.4 shows that hipping does not affect the volume fraction of hard 
particles (Si intermetallics) in Al7Si-Sr which is ∼19.5% (i.e., V
f = 19.5 ± 2.4 % for 
unhipped & 19.4 ± 2.0 % for hipped alloy). A similar value of 19.4 ± 3% was obtained 
for the hipped alloy from the image analysis of optical and backscattered SEM images 
of selected S-N specimens using ImageJ. The clear contrast between Si particles and 
intermetallics in backscattered SEM images made it possible to obtain the volume 
fraction of intermetallics alone as 10.8 ± 2.8%. More details on these results can be 
found in Chapter 4. A similar trend is observed for the unhipped (V
f = 12.1 ± 2.2 %) 
and hipped Al0.7Si alloys (V
f = 9.7 ± 1.6 %) whose V
f values are within the standard 
deviations of each although the hipped alloy recorded a slightly lower value. Image 
analysis of backscattered images using ImageJ resulted in a V
f of 10.5 ± 3.0 which 
makes it difficult to ascertain whether hipping imparted any change in the intermetallic 
structure. It is however possible that the small amounts of Mg
2Si particles reported to 
be present in this alloy could explain the slightly higher value of V
f in the unhipped 
version. Such particles would be expected to dissolve in the hipped alloy as already 
discussed. Furthermore, non-equilibrium (Scheil) predictions by Chen [6] suggest a 
possible presence of Al
2Cu phases in this alloy. Moreover, Al
5Cu
2Mg
8Si
6 phases are 
confirmed to be present (see Fig. 3.9). Both these phases are expected to undergo 
limited dissolution during the hipping and solution treatment stages [75, 76]. It is 
possible that accumulation of these factors could have resulted in a slight reduction in 
the volume fraction of intermetallics in the hipped alloy. 
 
The SDAS or DCS is not expected to change significantly during hipping since it is 
mainly a function of cooling rate [14, 77] which is believed to be similar for both the 
hipped and unhipped alloys. (The exact solidification conditions of both alloys are 
unknown to the author but are expected to be the same since the pistons were 
produced in consecutive runs at the same factory.) This is largely confirmed by the 
SDAS values of the unhipped (SDAS = 25.8 ± 2.8 µm) and hipped Al7Si-Sr (SDAS = 28.1 
± 2.8 µm) which are within standard deviation of each other although the value for the 
hipped alloy is on the higher side. The measurement of SDAS is significantly subjective 
and depends on the manner in which the dendrite arms are selected for measurement 
and even the actual placement of the measurement line. This may explain the slight 
difference. However, there is a significant difference in the SDAS values for the 
unhipped (SDAS = 67.0 ± 13 µm) and hipped (SDAS = 37.8 ± 4.1 µm) Al0.7Si alloys. 
There is also a significant difference in the DCS values (i.e., the bold-faced λ values) 
obtained for the unhipped (DCS =21.4 ± 3.4 µm) and hipped (DCS = 30.2 ± 3.6 µm) 
Al7Si-Sr alloy. These differences are unexpected and the author believes that the data 
provided by Moffat [2] for the unhipped alloys is erroneous. To confirm this, T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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measurements of SDAS on selected images of an unhipped Al0.7Si specimen at a 
position equivalent to the ‘middle centre’ location yielded a value of 37.3 ± 10 µm 
which is remarkably similar to that for the unhipped alloy (i.e., 37.8 ± 4.1 µm). 
Moreover, the DCS values obtained for the hipped Al7Si-Sr alloy compare quite well 
with the SDAS of the alloy (DCS = 30.2 ± 3.6 µm vs. SDAS = 28.1 ± 2.8 µm). The slightly 
higher value of DCS compared to SDAS is actually expected [14].  
Table 3.4 Comparison of quantitative stereological data of unhipped and hipped Al7Si-
Sr and Al0.7Si alloys. 
 
Unhipped 
Al7Si-Sr [2] 
Hipped  
Al7Si-Sr 
Unhipped 
Al0.7Si [2] 
Hipped  
Al0.7Si 
Volume fraction of 
hard particles (%) 
19.5 ± 2.4
a  19.4 ± 2.0 
(19.0 ± 8.7)
b 
12.1 ± 2.2  9.7 ± 1.6 
(9.9 ± 5.9) 
Mean free distance 
λ (µm) 
 
10.3 ± 2.5  
 
21.4 ± 3.4
c 
17.9 ± 3.7 
(18.3 ± 9.3) 
30.2 ± 3.6 
(30.0 ± 9.6) 
24.9 ± 6  25.8 ± 1.9 
(26.3 ± 11.1) 
Particle mean 
intercept distance 
L
3 (µm) 
2.5 ± 0.6 
 
5.2 ± 0.8 
4.0 ± 0.5 
(4.0 ± 1.5) 
13.5 ± 3.6 
(13.3 ± 8.4) 
3.4 ± 0.8  3.4 ± 0.6 
(3.4 ± 3.1) 
Dendrite arm size 
(µm) 
25.8 ± 2.8  28.1 ± 2.8 
(28.1 ± 6.1) 
67.0 ± 13  37.8 ± 4.1 
(38.4 ± 9.9) 
Vol. fraction of 
porosity (%) 
0.052 
(0.04)
d 
0.01  0.092 
(0.26) 
0.03 
Maximum porous 
region size (µm) 
364 
(228) 
129  400 
(536) 
52 
aThe particle data not in parenthesis represent the means and standard deviations of the 
averages from the different piston crown locations. 
bThe particle data in parenthesis represent 
the means and standard deviations of individual measurement results from all the different 
piston crown locations. 
cThe particle data in bold represents measurements when the eutectic 
regions were treated as a single feature. 
dThe maximum pore size values in parenthesis for the 
unhipped alloys were obtained from SRCT measurements during the current study and are 
provided to compare with Moffat’s SRCT results (i.e., not in parenthesis - unhipped alloys only). 
 
The higher values of L
3 (which is a measure of particle size) and the interparticle 
spacing (λ values which are not bold-faced) observed in the hipped Al7Si-Sr compared 
to the unhipped alloy is expected. This is due to fragmentation, spheroidisation and 
coarsening of Si particles observed after hipping as shown in Figure 3.20. This Si 
structure transformation is expected to result in larger Si particles due to coarsening 
which results in an overall larger value of L
3 for the hard particles (i.e., Si & 
intermetallics) even though the size of intermetallics may not change as confirmed 
from the L
3 values of hipped Al0.7Si (L
3 = 3.4 ± 0.6 µm) and unhipped Al0.7Si (L
3 = 3.4 ± 
0.8 µm) which do not contain Si particles. Furthermore, it is believed that during T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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coarsening, the larger particles grow at the expense of the small ones which results in 
larger interparticle spacing within the eutectic region (and naturally in the overall 
microstructure) [70, 73, 74]. Stereological measurements within the eutectic regions 
actually confirm these arguments. Within the eutectic region, the results obtained for 
the hipped Al7Si-Sr alloy are: L
3 = 2.1 ± 0.2 µm and λ
 = 2.9 ± 0.3 µm while those for the 
unhipped alloy were reported by Moffat [2] as L
3 = 1.4 µm and λ
 = 2.4 µm (no standard 
deviations were reported). Furthermore, the volume fraction of Si particles at selected 
eutectic regions (i.e., those containing clustered Si particles only) for the hipped alloy 
is found to be ∼35.1 ± 5.2 % (see Chapter 4). For the unhipped alloy, Moffat [2] reports 
the volume fraction of hard particles at such clustered eutectic regions to be ∼36.3%. 
Additional data on the Si particle size distribution (maximum Feret dimension) are 
given in Chapter 4 (see Table 4.3). 
 
3.3.2 Three dimensional microstructure and defect analysis 
3.3.2.1  SRCT qualitative microstructure & defect analysis 
Observations of the 3D network of microstructure features and porosity of the hipped 
and unhipped Al0.7Si and Al7Si-Sr alloys has been made possible via SRCT. Low 
magnification 3D SRCT volumes of hipped and unhipped Al0.7Si are presented in 
Figure 3.26. Note that Al has been ‘greyed’ out in the figures to expose the 
intermetallics which are evidently highly interconnected. The interconnectivity of the 
intermetallics of the unhipped alloy has been previously reported by Moffat [2] and it is 
not expected to be significantly different for the hipped alloy as discussed in Section 
3.3.1. The large clusters of intermetallics observed in the optical and SEM images of 
this alloy can also be confirmed in the SRCT volumes of both the unhipped (Fig. 3.26a) 
and hipped (Fig. 3.26b) Al0.7Si alloy. Some of the intermetallic clusters in Figure 3.26b 
can be seen extending beyond ∼350 µm long and ∼300 µm wide. The overall 
microstructure in both versions of the alloy appears largely similar although the 
clusters appear larger in the hipped alloy as compared to the unhipped alloy. It is the 
opinion of the author that this may be attributed to differences in location from where 
the samples were picked as discussed in the previous section. Note that although the 
location of the hipped specimen is known and fairly representative of the alloy in terms 
of microstructure, that of the unhipped alloy is unknown as explained in Section 
3.2.3.4. Nevertheless, Moffat [2] has previously reported clustering in the unhipped 
alloy. 
 
Figure 3.27 shows higher magnification SRCT images taken from smaller sections of 
the larger volumes previously shown in Figure 3.26. It is clear from these higher 
magnification images that hipping does not significantly affect the intermetallic T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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structures. Intermetallic clustering can still be observed at the top face of the hipped 
image in Figure 3.27b. The intermetallic connectivity is also clearly exposed in both 
versions of the alloy with α-Al dendrites clearly outlined by the intermetallics located at 
the interdendritic regions. Figure 3.28 shows the same images but now including 
porosity which had been removed in the images in Figure 3.27. It is not easy to see the 
3D porosity form in the images because of the intermetallics around them, which mask 
their appearance. However, one can still discern from Figure 3.28a that porosity in the 
unhipped alloy is along the interdendritic regions and can be significantly thin. From 
this limited near surface observations, one can see that hipping reduced porosity by 
comparing Figures 3.28a and 3.28b. This is discussed later in more detail. 
 
3D SRCT images of unhipped and hipped Al7Si-Sr alloys are shown in Figure 3.29. The 
images also show the intermetallic network only with Al lightly greyed to allow 
visibility. The intermetallic connectivity in this alloy is not as apparent at these low 
magnification SRCT images as was observed for alloy Al0.7Si in Figure 3.26. However, 
note that Si particles are not shown in these images although they constitute a 
significant proportion of the hard particle network. Moreover, a large interconnected 
intermetallic cluster can be seen on the left side of the SRCT image of the hipped alloy 
in Figure 3.29b. This cluster seems to extend over ∼1 mm long. Similar larger 
intermetallic networks were also occasionally observed in the unhipped alloy. The 
overall intermetallic network appears largely unaffected by hipping. This is confirmed 
by the higher magnification SRCT images shown in Figure 3.30. By comparing Figures 
3.27 and 3.30 (Al7Si-Sr), it does appear that the interconnectivity of intermetallics is 
less in Al7Si-Sr compared to Al0.7Si, whether hipped or not. However, it is expected 
that the hard particle network of Al7Si-Sr is actually more complex because of the 
presence of Si particles which are not shown. Phase contrast imaging in 
holotomography mode is expected to provide a clear picture of the 3D network of hard 
particles in this alloy. 
 
The SRCT volumes provided valuable information on the 3D size and shape 
distribution of porosity in these alloys which is otherwise impossible to discern from 
2D metallographic analysis. Figure 3.31 shows low magnification SRCT images with the 
3D porosity networks for the unhipped (Fig.3.31a) and hipped (Fig. 3.31b) Al0.7Si 
alloy. These SRCT volumes are similar to those in Figure 3.26 except that now Al and 
the intermetallics have been removed to expose porosity. It is clear that hipping 
significantly reduced porosity in this alloy. The percent volume fraction of porosity in 
the SRCT volumes is also indicated in the figures as ∼0.26% in the unhipped alloy (Fig. 
3.31a) which is significantly reduced to ∼0.03% in the hipped alloy (Fig. 3.31b). 
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related porosity [19] and the role of intermetallics in influencing pore growth [21]. On 
the other hand, porosity in the hipped alloy is of significantly smaller size and 
generally less complex in shape. However, there is an indication of low level clustering 
of pores, albeit separated, indicating possible shrinkage pores that were broken down 
during the healing process and thus isolating the branched arms of the pores into 
isolated pores of reduced size. 
 
The higher magnification SRCT images in Figure 3.32 and the segmented pores in 
Figure 3.33 clearly confirm the extensive nature of the shrinkage porosity in the 
unhipped alloy (Fig. 3.32a & Fig. 3.33a ) and the small clustered pores of less complex 
morphology in the hipped alloy (Fig. 3.32b & Fig. 3.33b). It is apparent that the pores 
in the unhipped alloy extend across several dendrite arms and can be significantly thin. 
It therefore appears that although the volume coverage of porosity may be small, this 
may not be the case with the area coverage. A singe pore network can cover an 
extensive area over several dendrites and yet its volume is comparatively small. This is 
more clearly illustrated in Figure 3.33a which shows a large shrinkage pore in the 
unhipped Al0.7Si alloy. The maximum dimension of this pore is ∼458 µm. With the 
average dendrite arm spacing being ∼38 µm (see Table 3.4), it is clear that this pore 
can cover several dendrite arms as observed in the figure. However, the thickness of 
the pore at several regions is ∼2 to 4 µm. A 2D slice through any section of this pore 
will reveal only several smaller pores clustered together. This is well illustrated in the 
3D rendering and slice animations of this pore and others in its vicinity which is 
provided as a separate PowerPoint file in Figure 3A.1 of Appendix 3A. (Animations for 
the hipped alloy are also provided in the same file for comparison.) Moreover, Figure 
3.34 provides another set of shrinkage pores found within the same volume.  
 
Figure 3.34 shows segmented pores (in red) in a series of SRCT slices of unhipped 
Al0.7Si illustrating the difficulty of obtaining accurate size measurement of the 
irregularly shaped pores from 2D images. In this SRCT volume, the pores within the 
regions indicated as pore 1 to pore 3 (shown by the dotted rectangles) are actually 
single complex shaped pores than run through several slices. Counting them as 
separate pores and measuring their individual sizes would therefore grossly 
underestimate the size distribution. It is instructive to observe the close association of 
the pores with intermetallic structures. Figure 3.35 on the other hand shows pores in a 
series of SRCT slices of hipped Al0.7Si illustrating the simple shaped structure of the 
pores that result after hipping. From the figure, it is plausible that the two regions with 
a cluster of pores possibly consisted of single complex shaped shrinkage pores that 
were broken down to isolated pores during hipping. The pores in the two clusters were T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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found to be isolated through the slices except for pore1 which is of fairly complex 
shape albeit smaller in size and less complex compared to those in the unhipped alloy.  
 
Figures 3.36 & 3.37 also show that hipping reduced the large shrinkage porosity in the 
unhipped Al7Si-Sr alloy to smaller clustered pores just as observed for Al0.7Si alloy. 
However, porosity was significantly low in this alloy even in the unhipped state with the 
volume fraction being ∼0.04% and marginally reduced to ∼0.01% after hipping. There 
are however some larger pores in the unhipped SRCT volumes which were expected to 
be healed or broken down into smaller fragments as can be discerned from Figure 
3.36. It is possible not to observe any significant difference between the unhipped and 
hipped depending on the sample volume selected for analysis as can be seen in Figure 
3.37. Except for the 2 relatively larger pores in the unhipped volume, the pore 
distribution in the hipped and unhipped volumes does not show any significant 
hipping effect.  
 
The relatively low porosity in Al7Si-Sr alloy may be attributed to the higher level of Si in 
the alloy which is believed to improve castability through, for example, increased 
fluidity and feeding efficiency [66, 78]. The presence of Si also significantly improves 
the hot tearing resistance of the alloy [66].  The quantitative analysis of porosity and 
intermetallics observed in the SRCT volumes is presented in the next section. 
3.3.2.2 Quantitative microstructure & defect analysis 
Intermetallic particle analysis 
As discussed in Section 3.2.3.4, particle analysis was carried on 2D SRCT images 
because of the significant interconnectivity of the intermetallics. Figures 3.38 and 3.39 
show the distribution of particle areas in the hipped and unhipped Al0.7Si and Al7Si-Sr 
alloys. The particle size data is presented in 3-parameter lognormal probability plots in 
Figure 3.38 together with the estimated parameter values for the fitted curves. Figure 
3.39 on the other hand provides the cumulative distribution plots for the same data 
which shows a clearer picture of the size distribution. The descriptive particle area 
statistics are also included in Figure 3.39 (inset). Note that the minimum particle size 
threshold was taken to be ∼27 µm
2 to avoid picking noise during measurement. 
Particles with areas less than this value are possible but it was found to be difficult to 
identify them without including significant noise levels. 
 
The 3-parameter lognormal distribution function was found to give the closest fit to 
the data although significant lack of fit can still be seen in Figures 3.38 and 3.39. This 
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values (i.e., the AD values) provided in Figure 3.38. The AD values are typically less 
than 1 for close fits [79]. This is consistent with the distribution of particle sizes from 
the limited optical and SEM image analysis given in Figures 3.25 and 4.2. Figure 3.39 
shows that the particle size distribution is heavily skewed towards smaller particles. 
Both figures also show that hipping does not seem to change the overall particle size 
distributions in both alloys confirming the qualitative observations in the previous 
section. Furthermore, it is clear from the figures that the distribution of particle sizes 
in Al0.7Si alloys is skewed slightly more towards larger particles compared to the 
particle size distribution of Al7Si-Sr alloys. Qualitative observations in the previous 
section indicated that particles in Al7Si-Sr alloys appeared less connected as compared 
to those in Al0.7Si. This is expected to result in relatively larger particles for Al0.7Si 
alloys. Note the significant difference in the largest particle size between the hipped 
and unhipped alloys although the other distribution parameters remain largely the 
same. This is clearly attributable to the large intermetallic clusters observed in the 
unhipped alloys. As discussed previously, this clustering is not limited to the hipped 
alloys. 
 
Figure 3.40 shows plots of circularity vs. particle size (L
max) for the unhipped and 
hipped Al0.7Si alloys. (Circularity is a measure of particle shape which is given as 
4π(A)/(P)
2, where, A is the particle area and P is the perimeter. Particles with shapes 
close to a circle have circularity values approaching unity and vice versa.) It can be 
seen that there is a sharp drop in circularity from between ∼0.2 to 1 for the smallest 
particles to less than ∼0.2 for particles larger than ∼20 µm. This confirms the irregular 
morphology expected of larger particles which are generally interconnected and highly 
convoluted as can be seen in Figure 3.27. A similar trend is observed for the unhipped 
and hipped Al7Si-Sr alloy as shown in Figure 3.41. The figure also provides a 
comparison of these trends between the unhipped and hipped alloys showing that 
hipping does not have any discernible effect. 
 
Figure 3.42 shows plots of aspect ratio vs. pore size (L
max) for both unhipped and 
hipped alloys which also show no hipping effect. However, unlike circularity, the drop 
in aspect ratio with particle size is gradual such that some of the large particles have 
aspect ratios greater than 4. Note that while the lowest circularity is registered by the 
largest particles, this is not necessary the case for aspect ratio. While both of these 
parameters are measures of shape, the manner in which they are obtained is different 
and can provide misleading information unless the results are carefully interpreted. 
The aspect ratio is given by the ratio of the major axis over the minor axis of an ellipse 
fitted onto the particle. Note that unlike circularity, empty spaces (holes) within the 
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particle with large empty holes within it will therefore give a very low circularity value 
but with a significantly higher aspect ratio. These shape measures are therefore 
complementary in terms of the information they provide. In the particular case of the 
current alloys, the results presented in Figures 3.41 and 3.42 suggest that the largest 
particles are actually the interconnected and complex shaped particles observed in 
SRCT volumes such that although they may cover a large area, they have many empty 
spaces (and re-entrant corners) within them. 
 
The lower bound fatigue life can be predicted from the size of the largest defect (i.e., 
pores or particles) in the sample, which is often predicted from the upper tail of the 
defect distribution by extrapolation using extreme-value statistics (EVS) as shown in 
several reports [80-82]. The size of the largest defects have been shown to follow one 
of the extreme-value distribution functions (i.e., Gumbel, Frechet or Weibull) [83]. 
Chapter 4 of this report discusses the fatigue behaviour of these alloys and shows that 
fatigue cracks for the hipped alloys originate from intermetallic particles which mostly 
lie at the upper tail of the particle size population. It should therefore be expected that 
the largest particles measured from the SRCT volumes will play a significant role in 
determining the lower bound fatigue performance of these alloys. To provide useful 
information for EVS analysis, the SRCT volume for each alloy was divided into smaller 
equal volumes for a systematic control volume (V
o) particle analysis. The number of 
volumes obtained was 16 in each of the unhipped (each volume, V
o = 5.47x10
7 µm
3) 
and hipped (5.34x10
7 µm
3 each) Al0.7Si alloys while 27 (2.37x10
8 µm
3 each) and 29 
(2.39x10
8 µm
3 each) volumes were obtained for the unhipped and hipped Al7Si-Sr 
alloys, respectively. Particle sizes in each of these volumes were then measured using 
the same procedure as previously discussed. The sizes of the largest particles in each 
of the volumes for each alloy were then fitted to Gumbel distribution plots as shown in 
Figure 3.43. The Gumbel distribution function is one of the extreme value distributions 
which is often used for EVS analysis of defects and inclusions in castings and its 
cumulative probability function is given by 
 
                   (3.2) 
Where, 
x = Particle size (particle area in this case) 
λ
g = Location  
δ = Scale parameter  
 
Figure 3.43 shows that the Gumbel distribution function provides excellent fit for the 
largest particle sizes for all alloys except the hipped Al0.7Si. The largest particle size T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
 
  104   
distribution for this particular alloy indicates two distinct populations which could be 
attributed to the presence of large clusters observed in the SRCT volumes of this alloy. 
An examination of the individual SRCT volumes in the hipped Al0.7Si alloy confirmed 
that most of the largest particles were from volumes with relatively larger clusters. 
Nevertheless, as a first estimate, the Gumbel distribution location (λ
g) and scale (δ) 
parameters obtained can be used as direct inputs into an extreme-value statistical 
analysis to predict the expected size of the largest particle that can be found in a 
larger component of any known volume. This can then in turn be used as input into a 
suitable fatigue life prediction model to predict the lower bound fatigue performance 
of the component. 
 
Figure 3.44 presents the circularity (a & b), aspect ratio (c & d) and maximum Feret 
length (e & f) plotted against particle area for these largest particles for all the alloys. It 
can be seen that the circularity of all these large particles in all the alloys is less than 
0.1 and is much lower for the largest particles (less than 0.02 in some cases, especially 
for Al0.7Si alloys). On the other hand, the aspect ratios of the particles range between 
∼2 to 13 with no clear trend of lower values for larger particles. These trends are 
expected given the previous observations on the overall particle size populations. 
Figure 3.44 e & f also show that there is no clear trend between the maximum Feret 
dimension (L
max) and the area of the particles although there is a very subtle increase in 
L
max with area.  
 
The more significant observation however is that the L
max of these largest particles for 
alloy Al0.7Si ranges from ∼280 to ∼620 µm. If this is compared with Figure 4.16 in 
Chapter 4, it is noted that the lower bound fatigue lives in this alloy (hipped) 
correspond to crack initiating particle sizes of L
max∼220 to 270 µm. Furthermore, Figure 
4.12b (in the Chapter 4 as well) shows a large crack initiating particle (Al
9FeNi phase) 
of ∼4.93x10
4 µm
2 which resulted in much lower fatigue life compared to the smaller 
particles (in a cluster) in Fig. 4.12a. It is clearly possible to conclude from these 
observations that the lower bound fatigue life of the S-N specimens (of ∼6x6 mm
2 in 
cross-section) is controlled by the largest particles within the highly stressed volume in 
the sample. The S-N samples were loaded in 4 point bend such that the highly stressed 
top surface was ~6x10 mm
2 (see Fig. 3.2b). The loading geometry inevitably limits the 
highly stressed volume to that nearest the surface and particle cracking would mostly 
be restricted to this region.  
 
A first estimate of the volume where particle cracking is expected to be confined can 
be achieved by applying the observation by Laz and Hillberry [84] that crack initiation 
at particles (mainly Al
7Cu
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where the stress was within ∼93% of the maximum. For the S-N specimens tested in the 
current study at stresses below yield (i.e., below 0.2% proof stress), this region would 
be limited to small region from the top surface (refer to Fig. 3.2b). However, most of 
the tests were carried out at maximum surface stresses which were as much as 135% 
of the proof stress or more (see Fig. 4.6 in Chapter 4). Finite element simulations 
indicated that for the most severe loading case, this region is within ~0.64 mm from 
the surface [85]. However, it was also observed that regions experiencing stresses 
above the 0.2% proof stress of the material were up to 2.3 mm from the top surface. If 
we use ∼0.64 mm, as a first estimate, fatigue cracking will be limited to a volume (V) 
which is less than ∼ 38.4 mm
3 (i.e., 6x10x0.64 mm
3). 
 
With the information now available, it is possible to estimate the size of the largest 
particle expected in the highly stressed volume and therefore likely to control the 
lower bound fatigue life of the hipped Al0.7Si alloy. This is achieved by rearranging 
equation (3.2) as follows: 
 
                (3.3) 
 
The parameters λ
g and δ are estimated from the largest particle size data as shown in 
Figure 3.43 as 9.67x10
3 µm
2 and 3.60x10
3 µm
2, respectively (note that ‘loc’ = λ
g and 
‘scale’ = δ in the figure). 
 
The maximum particle size to be predicted depends on the volume of the material for 
which the prediction is required which is accounted for by the ‘return period’ (T). In 
this case, T will account for the volume sampled (i.e., V
o = 5.34x10
7 µm
3) compared to 
the volume of the most stressed region of the S-N specimens (V = 3.84 x 10
10 µm
3). The 
return period T in a given specimen is determined by 
 
                       (3.4) 
 
The volume effect can be extended to any given number of S-N specimens (N) simply 
by multiplying T with N. If we assume for the moment that N = 1 (for one specimen), 
then T = 819. The maximum particle size can now be estimated by  
 
                (3.5) 
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Furthermore, the standard deviation of the maximum particle size can also be 
estimated by the ‘Cramer-Rao lower bound’ [81, 86] as follows: 
 
           (3.6) 
Where,    and n = sample size (16 in our case) 
 
The predicted area of the largest particle in one S-N specimen of the hipped Al0.7Si 
alloy is therefore 3.33x10
4 ± 9.78x10
3 µm
3. This is consistent with the size range of 
fatigue crack initiating particles observed for this alloy as illustrated in the previous 
discussion. A similar analysis can be carried out for the other alloys and the results are 
given in Table 3.5. Moreover, assuming that particles may fail anywhere within the 
plastic region and taking the most severe case of a plastic layer of 2.3 mm deep from 
the surface, the predicted area of the largest particle in one S-N specimen of the 
hipped Al0.7Si alloy would be 3.79x10
4 ± 1.15x10
4 µm
3. 
 
Figures 3.38 and 3.39 do show that particles with areas greater than ∼2000 µm
3 
constitute a very small fraction of the particle population. We can take for example the 
largest 0.1% of the particle populations from each of the sample volumes used for the 
EVS analysis and plot their maximum Feret dimension (L
max) against their areas as 
shown in Figure 3.45. We note from the plots that the minimum L
max is ∼100 µm and 
∼80 µm for the hipped Al0.7Si and Al7Si-Sr, respectively. Again we note from Figure 
4.16 that most of the fatigue crack initiating particles have L
max values larger than 100 
µm for the hipped Al0.7Si. This confirms that crack initiating particles mainly come 
from the upper tail of the population as further discussed in Chapter 4. The size 
distributions of the largest 0.1 % of the particles in the volumes does not however 
constitute an extreme value distribution as shown in Figure 3.46 as expected. The 3-
parameter lognormal distribution function provides a better fit for these particle size 
populations however (see Fig 3.47). Further details on the shape and aspect ratio for 
these upper tail particle populations can found in appendix 3B of this chapter and 
show approximately similar trends as in Figure 3.44 (see Figure 3.1B & 3.2B). 
Table 3.5 Extreme value predictions of the largest particle sizes (areas) expected in the 
most stressed region of the S-N specimens used in the current study. 
 
λ
g µm
2  δ µm
2  T  x(T) µm
2  SD(x(T)) µm
2 
Hipped Al0.7Si  9666  3597  719  33323  9779 
Unhipped Al0.7Si  9282  1772  702  20893  4801 
Hipped Al7Si-Sr  7213  1675  161  15718  2782 
Unhipped Al7Si-Sr  9557  3103  162  25334  4979 T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Porosity analysis 
The pore size distributions of the unhipped and hipped Al0.7Si and Al7Si-Sr alloys are 
presented in Figure 3.48. Note that in Figure 3.48b, the natural logarithm of pore size 
is plotted instead of the actual pore size. The pore size data is presented in two 
measures, the maximum Feret dimension (L
max) and the equivalent sphere diameter 
(d
eq). Both these measures have previously been adopted [44, 81] as measures of pore 
size but they are not necessarily equivalent especially for pores of complex 
morphology. The 3-parameter lognormal distribution function provides good fits to the 
pore sizes which is consistent with recent observations in the literature [87]. The pore 
size distribution is also presented in Figure 4.1 (in Chapter 4) in terms of L
max together 
with the respective R
2 goodness-of-fit parameters. The R
2 values confirm that the 3-
parameter lognormal distribution function fits the data well except for unhipped Al7Si-
Sr. This deviation may be attributed to the possible inclusion of some noise. An 
illustration of this is given in Figure 3.49. A minimum pore size threshold of 50 voxels 
was used to avoid including noise as much as possible. 
 
The pore size data in Figure 3.48 confirm the effect of hipping as previously discussed 
based on SRCT volume observations. Note that there is a significant reduction in pore 
size in alloy Al0.7Si after hipping. Although pore size reduction is also observed for 
Al7Si-Sr, it is not as dramatic. Furthermore, the number of pores is also significantly 
reduced after hipping in both alloys.  
 
Figure 3.48 further shows that there is a major difference between the two pore size 
measures of L
max and d
eq. This poses the question as to which of the two is the 
appropriate parameter (e.g., for fatigue life prediction). The square root of the pore 
area ( ) has been variously adopted as a suitable measure of pore size [80, 81, 
86]. When this parameter is used as a measure of the size of fatigue crack initiating 
pores on fracture surfaces, it is found to correlate well with fatigue life [80, 81, 86]. 
This implies that it is the area of the pore, projected along the loading direction, which 
is most significant in determining fatigue life. Both measures of pore size as used in 
Figure 3.48 may actually not be appropriate especially for the more complex pores 
observed in the unhipped Al0.7Si alloy. For example, L
max of the pore in Figure 3.33a is 
likely to overestimate its effect on fatigue failure. Depending on the orientation of this 
pore with respect to the loading direction, its effective area (in terms of crack initiation 
and early crack growth) is likely to be confined within a few dendrites for a typical 
mode I loading. On the other hand, d
eq may underestimate the effective size of this 
pore due to its apparently small overall thickness, which implies a relatively small T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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volume. Nevertheless, L
max may be a useful measure of the most severe case (i.e., the 
lower bound fatigue performance).  
 
Figure 3.50a shows that hipping increases the sphericity of pores in both alloys as 
expected from the previous SRCT volume observations that pores in the hipped alloys 
appear less complex in shape. Furthermore, a plot of sphericity vs. pore size of the 
unhipped Al0.7Si alloy in Figure 3.50b shows that there is a significant drop in 
sphericity with increase in pore size. This trend is more clearly exposed when L
max is 
plotted instead of d
eq. Note that sphericity is a measure of shape of a volumetric object 
(pore in this case) and is given by the ratio of the surface area of a sphere (with the 
same volume (V
p) as the pore) to the surface area of the pore (A
p). It is given by, 
 
                    (3.7) 
 
A 2D quantitative analysis of porosity using SRCT volume slices was also carried and 
the results are presented in Figure 3.51. The 2D pore data is compared with the 3D 
pore size measurements already presented. It is clear from this figure that 2D analysis 
does not accurately represent the true 3D pore size although the trends of pore size 
distribution remain the same for all the alloys. Furthermore, aspect ratios of the pores 
in the 2D slices are also presented in Figure 3.52 showing that hipping decreases the 
aspect ratios of pores in Al0.7Si which is consistent with a less complex morphology 
observed for the small pores in the hipped alloy. This trend is not as dramatic for the 
Al7Si-Sr alloy although it is still apparent. Finally, the various pore shape measures 
(sphericity, circularity and aspect ratio) are plotted against pore size in Figure 3.53. It 
is clear from the figures that sphericity tends to decrease with increase in pore size for 
all alloys but more significantly in the unhipped alloys (see Figs 3.53 a & b). The 
smallest pores however have a range of sphericity from low values (∼0.2) to unity. The 
same trend is also observed for pore circularity (see Figs 3.53 a & b). This is actually 
consistent with previous observations by McClain et al [88] on the relationship between 
circularity and pore size in A356 Al castings. However, the relationship between aspect 
ratio and pore size is not that well defined such that small and large pores have a 
range of aspect ratios which tend to overlap. 
 
3.4 Conclusions 
 
A comparative microstructural analysis of unhipped and hipped versions of low Si 
model piston alloys (i.e., Al7Si-Sr and Al0.7Si) was carried out using a combination of T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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optical microscopy (OM), scanning electron microscopy (SEM) and synchrotron X-ray 
microtomography (SRCT). The unhipped alloys were supplied as unfinished pistons 
subjected to the T5 temper at 230
oC for 8 h while the hipped versions were supplied 
after hipping at 490
oC and 100 MPa for 4 h, followed by a solution treatment at 480
oC 
for 2 h, a water quench and finally aged for 8 h at 230
oC. All the specimens for 
microstructure analysis were sectioned from various crown locations and overaged at 
260
oC for 100 h before being polished to OPS finish (~0.05 µm) for OM and SEM 
observation. 2D quantitative microstructure analysis was carried out using standard 
stereological techniques as well as ImageJ on selected OM and SEM micrographs. 
Moreover, the various secondary phases observed were identified using an energy 
dispersive X-ray suite fitted to the SEM. Microstructure features and porosity were 
further quantified using 3D SRCT volumes of specimens sectioned from various 
regions of the piston crowns for both hipped and unhipped alloys. The results of this 
analysis are summarised as follows: 
 
Phase analysis of the hipped alloys showed the presence of Al
3(CuNi)
2, Al
3Ni, Al
9FeNi 
and oxide films in Al0.7Si alloy. Other phases such as λ-Al
5Cu
2Mg
8Si
6, Al
7Cu
4Ni and α-
AlFeMnSi are also believed to occur in this alloy but these were not observed in the 
current study which can be attributed to the limited phase analysis that was carried out 
as discussed in the main body of this chapter. The presence of oxide films had not 
been observed in the unhipped alloy perhaps due to its co-existence with porosity 
which makes it difficult to identify. 
 
The phases identified in the hipped Al7Si-Sr include Al
3(NiCu)
2, Al
9FeNi and λ-
Al
5Cu
2Mg
8Si
6. It is also believed that trace amounts of Al
7Cu
4Ni, Al
3Ni and α-AlFeMnSi 
can occur in this alloy although these were not observed. However, two new phases 
were also observed in this alloy and identified as Al
3(NiCuFeSi)
2 and 
Al
2Ni(Cu,Si,Zr,Fe,Mg) based on their approximate stoichiometry. The chemical 
composition of the Al
3(NiCuFeSi)
2 phase is close to that of Al
3(NiCu)
2 except for its 
higher Si and Fe contents. On the other hand, the Al
2Ni(CuSiZrFeMg) phase contains 
significant amounts of Zr, Ni, Si and Cu along with smaller quantities of Fe and Mg. 
Quantitative microstructure analysis of the hipped alloys showed that there are no 
significant discernible differences in the microstructure from the different piston crown 
locations investigated except for the top location at the middle of the crown which 
exhibit fine microstructure (i.e., small SDAS and DCS). This location is closer to the 
piston surface than the other locations investigated. It’s fine microstructure can 
therefore be attributed to a higher cooling rate it is likely to have experienced due to 
the chilling effect of the mould wall. However, the V
f, L
3 and λ values of hard particles 
for all the crown locations investigated were shown to fall within the standard T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
 
  110   
deviations of each. Significant scatter was observed in the results and suggests a 
highly inhomogeneous local spatial distribution of hard particles.  
 
Qualitative and quantitative 2D and 3D analysis showed that hipping does not seem to 
significantly affect the intermetallic structures of both Al0.7Si and Al7Si-Sr alloys. 
Moreover, the intermetallics in both alloys were shown to be highly interconnected in 
3D space with frequent clustering being observed, especially in the Al0.7Si alloy. On 
the other hand, the eutectic Si particles in the hipped Al7Si-Sr alloy are larger, 
spheroidised and isolated as discrete particles. In the unhipped alloy, they appeared as 
finer coral-like fibrous structures with significant interconnectivity. The fragmentation 
and coarsening of Si particles after hipping can be attributed to higher temperature 
holding during the hipping and solution heat treatment stage. 
 
SRCT analysis showed that pores in the unhipped alloys (especially in Al0.7Si) exhibit 
complex morphologies typical of shrinkage related porosity while they are generally 
less complex and of significantly reduced size in the hipped alloys. In the hipped 
alloys, there is an indication of low level clustering of pores, albeit separated, which 
indicates that they were possibly shrinkage pores that were broken down during 
hipping and thus isolating their branched arms into individual isolated pores of 
reduced size. Some of the segmented pores in the unhipped Al0.7Si alloy were shown 
to extend across several dendrite arms in length and yet significantly thin such that 
although the volume coverage of porosity could be small in the alloy, the overall area 
coverage can be quite significant. Overall, hipping significantly reduces porosity in 
alloy Al0.7Si in terms volume fraction and overall size distribution. Porosity reduction 
in Al7Si-Sr is however not as significant although the level of porosity in this alloy was 
already significantly low even in the unhipped state.  
 
The 3-parameter lognormal distribution of intermetallic particle size data obtained 
from the SRCT volumes shows that the particle sizes are heavily skewed towards 
smaller particles and that hipping does not seem to affect the overall particle size and 
shape distribution. However, the particle size distributions in Al0.7Si alloys are skewed 
slightly more towards larger particles compared to the particle size distribution of 
Al7Si-Sr alloys. Moreover, in both sets of alloys, the particle circularity drops sharply 
from ∼0.2 to 1 for small particles to less than 0.2 for particles larger than ∼20 µm. The 
relationship between particle size and aspect ratio is however not as apparent. 
 
Extreme-value statistics (EVS) analysis of pore size data shows that the largest particle 
sizes from representative control volumes can be fitted to a Gumbel extreme value 
distribution function except for the particles in the hipped Al0.7Si alloy. In this alloy, T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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the largest particle size distribution indicates two populations which may be attributed 
to the presence of large clusters. Nevertheless, it was demonstrated that there is a 
good correlation between the estimated largest particle size using EVS analysis and the 
lower bound fatigue life (or the largest fatigue initiating particle) 
 
The 3-parameter lognormal distribution of SRCT pore size data also confirm the effect 
of hipping in both alloys. There was a significant pore size reduction in Al0.7Si after 
hipping. The reduction in pore size was however not as dramatic in Al7Si-Sr. In both 
alloys, the number of pores was significantly reduced after hipping. As with 
intermetallics, it was shown that the sphericity (and circularity) of pores drops sharply 
with increase in pore size whereas the relationship between pore size and aspect ratio 
is not clearly apparent.  
 
Edge 1 centre
Crown section placed
on top of as-cast piston
Edge
Quarter
Near riser
Middle
Riser end
Edge 1 top
Edge 1 Bottom
Edge 2 top
Edge 2 centre
Edge 2 Bottom
Middle top
Middle centre
Middle Bottom
Crack growth direction
(a)
(b)
6 mm
6 mm
20 mm 20 mm 4 mm
Riser direction
 
Figure 3.1: (a) A photograph of a typical piston and a sectioned crown placed on top 
showing locations at which quantitative stereology was conducted by Moffat [2]. (b) A 
sectioned piston crown illustrating the locations at which microstructure quantification 
was carried out in the current study. T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.2: (a) A typical piston photograph illustrating how S-N specimens were 
sectioned from the crown. (b) The 4-point bend loading geometry that was used for S-N 
fatigue testing. 
 
Figure 3.3: Schematic illustration of a shrinkage pore and a typical 2D image that 
would result when sectioned [19].  T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.4: (a) 3D networks of β-Al
5FeSi platelets obtained from reconstructed serial 
sections and shown in three orientations (i, ii and iii) [30]. The scale and orientation of 
each image is different. (b) The relationship of β-Al
5FeSi platelets with Si particles in a 
deep etched SEM image [22]. 
 
 
 
Figure 3.5: A 3D network of a typical β-Al
5FeSi phase obtained from in-situ 
solidification studies of an Al-7.6%Si-3.72%Cu-0.78%Fe alloy using SRCT [31].  T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.6: (a) Fan beam geometry: micro-focus X-ray source with 1D detector: the 
sample needs vertical translation to be scanned. (b) Cone-beam geometry: micro-focus 
source with 2D detector. The sample is magnified on the detector. (c) Parallel beam 
geometry: synchrotron source ensures parallel X-ray beam. The sample is not 
magnified on the detector. The illustrations are adopted from ref [18].  
 
 
Figure 3.7: Typical approximate spatial resolution ranges for some 3D imaging  tools 
in materials and the relevant microstructure features at the different size scales [60]. 
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Figure 3.8: Typical optical micrographs of hipped Al0.7Si alloy taken from the piston 
crown at location (a) ‘Middle top’ and (b) ‘Middle centre’. Note that the intermetallics in 
(a) appear qualitatively finer than those in (b). 
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Figure 3.9: SEM micrographs taken from S-N samples of hipped Al0.7Si alloy. The 
location of these micrographs approximately correpond to the ‘middle centre’ location 
of the piston crown.   
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Figure 3.10: Typical low magnification optical micrographs of hipped Al0.7Si alloy 
taken from the piston crown at location (a) ‘Middle top’ and (b) ‘Middle centre’. Note 
the absence of intermetallic clusters and the qualitatively finer structure in the 
micrograph in (a) compared to that in (b). T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.11: An SEM micrograph taken from an S-N sample of hipped Al0.7Si alloy 
showing intermetallic clusters and a fatigue crack in the clusters.  
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Figure 3.12: Typical optical micrographs of (a) unhipped [2] and (b) hipped Al0.7Si 
alloy. Note that no difference can be qualitatively discerned between the unhipped and 
hipped microstructures from the micrographs.  
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Figure 3.13: SEM micrographs taken from S-N samples of hipped Al0.7Si alloy showing 
fatigue cracks that may have been a consequence of pre-existing crack-like oxide films.  T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.14: SEM micrographs in (a) secondary and (b) backscatter electron modes 
taken from S-N samples of hipped Al0.7Si alloy showing a possible crack-like oxide 
film extending from an oxide particle. 
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Figure 3.15: SEM micrograph at high magnification taken from an S-N sample of 
hipped Al0.7Si alloy showing precipitates in the matrix and an oxide particle co-
existing with Al
2Cu phases. T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.16: Low magnification optical micrographs of hipped Al7Si-Sr alloy taken from 
the 9 different piston crown locations (a) ‘Edge 1 top’, (b)‘Middle top’, (c) ‘Edge 2 top’, 
(d) ‘Edge 1 centre’, (e)‘Middle centre’, (f) ‘Edge 2 centre’, (g) ‘Edge 1 bottom’, 
(h)‘Middle bottom’ and (i) ‘Edge 2 bottom’. 
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Figure 3.17: Higher magnification optical micrographs of hipped Al7Si-Sr alloy taken 
from the piston crown locations corresponding to (a) ‘Edge 2 top’ and (b)‘Edge 2 
centre’. 
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Figure 3.18: SEM micrographs taken from an S-N sample of hipped Al7Si-Sr alloy. Note 
the large cluster of Si and intermetallics at the eutectic region in (a). The location of 
these micrographs approximately correponds to the ‘middle centre’ location of the 
piston crown.  
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Figure 3.19: SEM micrographs taken from an S-N sample of hipped Al7Si-Sr alloy. Note 
the presence of the Zr-containing phase which is not commonly observed. 
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Figure 3.20: Typical optical micrographs of (a) unhipped [2] and (b) hipped Al7Si-Sr 
alloy. Note the major difference in the size, connectivity and spatial distribution of Si 
particles at the eutectic regions between the unhipped and hipped alloy.  
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Figure 3.21: Variation of SDAS at the different piston locations investigated in hipped 
Al0.7Si. 
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Figure 3.22: Variation of SDAS at the different piston locations investigated in hipped 
Al7Si-Sr.  
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Figure 3.23: Variation of the percent volume of intermetallic particles at the different 
piston locations investigated in hipped Al0.7Si. 
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Figure 3.24: Variation of the percent volume of intermetallic particles at the different 
piston locations investigated in hipped Al7Si-Sr. 
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Figure 3.25: The 3-parameter lognormal distributions of intermetallic particle sizes 
(L
max) at the ‘middle top’, ‘middle centre’ and ‘middle bottom’ crown locations in 
hipped Al0.7Si. The parameter values of the fitted distributions and the descriptive 
statistical data are also provided.  
Descriptive particle size statistics 
  Min.  Median  Mean  Max. 
‘Middle top’  2.0  5.3  8.1 ± 7.6  64.1 
‘Middle centre’  2.0  5.9  10.4 ±11.8  100.0 
‘Middle bottom’  2.0  5.1  8.5 ± 9.3  99.4 
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Figure 3.26: Low magnification SRCT images of 3D intermetallic networks in (a) 
unhipped and (b) hipped Al0.7Si alloy. Note that Al is ‘greyed’ out to expose the 
intermetallics. 
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Figure 3.27: Higher magnification SRCT images of 3D intermetallic networks in (a) 
unhipped and (b) hipped Al0.7Si alloy. 
 
 
Figure 3.28: SRCT images showing the 3D intermetallic network and porosity in (a) 
unhipped and (b) hipped Al0.7Si alloy. T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.29: Low magnification SRCT images of 3D intermetallic networks in (a) 
unhipped and (b) hipped Al7Si-Sr alloy. T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.30: Higher magnification SRCT images of 3D intermetallic networks in (a) 
unhipped and (b) hipped Al7Si-Sr alloy. T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.31: Low magnification SRCT images of 3D porosity distribution in (a) 
unhipped and (b) hipped Al0.7Si alloy. 
Unhipped Al0.7Si 
Vf = 0.26% 
Hipped Al0.7Si 
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Figure 3.32: Higher magnification SRCT images of porosity in (a) unhipped and (b) 
hipped Al0.7Si alloy. T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.33: (a) An SRCT image of a large segmented pore in the unhipped Al0.7Si 
alloy showing its 3D complex morphology. (b) An SRCT image showing smaller pores 
clustered together in the hipped Al0.7Si alloy. T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.34: Segmented pores (in red) in a series of SRCT slices of unhipped Al7Si-Sr 
illustrating the 3D complex structure of the pores and the difficulty of obtaining 
accurate size measurement of the irregularly shaped pores from 2D images. The pores 
in each dotted box are actually part of a single pore that runs through several slices in 
the SRCT volume. T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.35: Segmented pores (in red) in a series of SRCT slices of hipped Al0.7Si 
illustrating the simple shaped structure of the pores that result after hipping. It is 
plausible that the two regions with a cluster of pores originally consisted of single 
complex shaped shrinkage pores. The pores in the two clusters were found to be 
isolated through the slices except for pore1 which is of fairly complex shape. 
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Figure 3.36: Low magnification SRCT images of 3D porosity distribution in (a) 
unhipped and (b) hipped Al7Si-Sr alloy. 
Unhipped Al7Si-Sr 
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Figure 3.37: Higher magnification SRCT images of porosity in (a) unhipped and (b) 
hipped Al7Si-Sr alloy. 
 
 
Figure 3.38: The 3-parameter lognormal probability plots of intermetallic particles in 
unhipped and hipped Al0.7Si and Al7Si-Sr alloys. T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
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Figure 3.39: The 3-parameter lognormal cumulative distribution plots of intermetallic 
particles in unhipped and hipped Al0.7Si and Al7Si-Sr alloys showing that the particle 
area population is heavily skewed to smaller particles. Also note the descriptive 
statistics. 
Descriptive particle area statistics 
  Min.  Median  Mean  Max. 
Unhipped Al0.7Si  27  102  327±651  8984 
Hipped Al0.7Si  27  98  316±926  29172 
Unhipped Al7Si-Sr  27  96  204±379  9758 
Hipped Al7Si-Sr  27  94  178±285  6991 
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Figure 3.40: The relationship between particle size (maximum Feret dimension) and 
circularity in (a) unhipped and (b) hipped Al0.7Si alloys. 
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Figure 3.41: Comparison of the particle size – circularity relationship in unhipped and 
hipped Al0.7Si (a) and Al7Si-Sr alloys (b). 
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Figure 3.42: Comparison of the particle size – aspect ratio relationship in unhipped 
and hipped Al0.7Si (a) and Al7Si-Sr alloys (b). 
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Figure 3.43: The Gumbel probability plots of the areas of the largest particles in 
selected sample volumes of unhipped and hipped Al0.7Si and Al7Si-Sr alloys. 
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Figure 3.44: The circularity (a & b), aspect ratio (c & d) and maximum length (e & f) 
plotted against the corresponding areas of the largest particles in the selected sample 
volumes of unhipped and hipped Al0.7Si and Al7Si-Sr alloys. T.O. Mbuya                                              Chapter 3: Microstructure and defect analysis 
 
  148   
 
Figure 3.45: The Maximum length vs. corresponding areas of particles that fall within 
the largest 0.1% of the particle population in all the selected sample volumes of 
unhipped and hipped Al0.7Si (a & b) and Al7Si-Sr (c & d) alloys. 
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Figure 3.46: The Gumbel probability plots of the areas of particles that fall within the 
largest 0.1% of the particle population in all the selected sample volumes of unhipped 
and hipped Al0.7Si and Al7Si-Sr alloys. 
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Figure 3.47: The 3-parameter lognormal probability plots of the areas of particles that 
fall within the largest 0.1% of the particle population in all the selected sample volumes 
of unhipped and hipped Al0.7Si and Al7Si-Sr alloys. 
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Figure 3.48: (a) The 3-parameter lognormal probability plots and (b) cumulative 
distribution plots of maximum Feret dimension (L
max) and equivalent sphere diameter 
(d
eq) of pore sizes in unhipped and hipped Al0.7Si and Al7Si-Sr alloys. 
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Figure 3.49: The 3D porosity distribution in the whole SRCT volume analysed for the 
unhipped Al7Si-Sr alloy. Note the higher density of very small pores at the bottom left 
corner of the image. This region had a significantly higher level of noise in the volume. 
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Figure 3.50: (a) The normal probability plots of the sphericity of pores in unhipped and 
hipped Al0.7Si and Al7Si-Sr alloys and (b) pore sphericity plotted against pore size (i.e., 
L
max & d
eq)  for unhipped Al0.7Si alloy. 
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Figure 3.51: The 3-parameter lognormal cumulative distribution plots of maximum 
Feret dimension (L
max) of pores in 3D SRCT volumes and 2D SRCT image slices for 
unhipped and hipped Al0.7Si and Al7Si-Sr alloys. 
 
 
Figure 3.52: The 3-parameter lognormal cumulative distribution plots of aspect ratio of 
pores in 2D SRCT slices of unhipped and hipped Al0.7Si and Al7Si-Sr alloys. 
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Figure 3.53: Comparison of sphericity (a & b), circularity (c & d) and aspect ratio (e & f) 
of pores with pore size (L
max) for unhipped and hipped Al0.7Si and Al7Si-Sr alloys. 
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3.6 Appendices  
 
3.6.1 Appendix 3A 
Appendix 3A is in electronic format in a PowerPoint file. The file is provided in CD. 
 
3.6.2 Appendix 3B 
 
Figure 3B.1: The circularity vs. corresponding areas of particles that fall within the 
largest 0.1% of the particle population in all the selected sample volumes of unhipped 
and hipped Al0.7Si (a & b) and Al7Si-Sr (c & d) 
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Figure 3B.2: The aspect ratio vs. corresponding areas of particles that fall within the 
largest 0.1% of the particle population in all the selected sample volumes of unhipped 
and hipped Al0.7Si (a & b) and Al7Si-Sr (c & d). 
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Chapter 4  Fatigue crack initiation and S-N 
response 
This chapter presents results on the fatigue crack initiation and S-N behaviour of the 
model piston alloys under investigation. The chapter is presented in paper form and 
therefore follows the format of a typical paper starting from the introduction in the 
next page to conclusions and references. Note that the chapter inevitably includes 
limited microstructure analysis that was deemed relevant for the interpretation and in-
depth discussion of the results. This chapter has been published in Materials Science 
and Engineering A largely in its present form except for slight differences. The paper is 
given below: 
 
T. O. Mbuya, I. Sinclair, A.J. Moffat and P.A.S. Reed. “Analysis of fatigue crack initiation 
and S-N response of model cast aluminium piston alloys”, Materials Science and 
Engineering, A528 (2011) 7331-7340 
 T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
 
164 
 
4.1  Introduction 
The demand for improved performance of light vehicle diesel engines is inevitably 
accompanied by an equivalent need for new engine component materials suitably 
designed to withstand the increasingly severe service environments [1]. Furthermore, 
the materials must still remain as light as possible for fuel efficiency and therefore 
reduced hydrocarbon emissions in line with environmental legislation requirements. 
Pistons for light vehicle engines have traditionally been cast from near-eutectic Al-Si 
alloys containing typically ∼1-3 wt%Cu, ∼1-2 wt%Ni, ∼1 wt%Mg and other minor 
elements [2-4]. However, the need for pistons to work at maximum temperatures of up 
to 400
oC and peak pressures of ∼20 MPa have necessitated the development of new 
alloys with even higher Cu (∼4 wt%) and Ni (∼3 wt%) contents to ensure adequate high 
temperature fatigue performance [5]. These alloys have been shown via scanning 
electron microscopy (SEM) and synchrotron X-ray microtomography (SRCT) to have a 
complex three-dimensionally (3D) interconnected microstructure of Si particles and 
several types of intermetallic compounds (e.g., Al
9FeNi, Al
7Cu
4Ni and Al
3(CuNi)
2) [6-8]. 
A mechanistic characterisation of the effect of such microstructure on the fatigue 
failure of these alloys is challenging and yet necessary for their successful application.  
 
Previous work by Joyce et al. [9, 10] indicated that fatigue crack initiation in two near-
eutectic piston alloys occurred mainly at primary Si particles at both ambient and 
elevated temperatures (200
oC and 350
oC). They did not observe any fatigue crack 
initiation at porosity despite pores measuring up to ∼100 µm in diameter being 
observed in one of the alloys with low Cu (0.94 wt%) and Ni (0.96 wt%). However, about 
20% of initiation events were observed at intermetallic clusters of Al
3(CuNi)
2 particles 
but only in the alloy with higher Cu (3.1 wt%) and Ni (2.27 wt%) contents and at room 
temperature. The authors suggested that intermetallic particles may dominate fatigue 
performance with the reduction of primary Si particles. Moffat et al. [5], investigated a 
eutectic Al-Si piston alloy containing 3.9 wt%Cu and 2.8 wt%Ni and confirmed that 
fatigue crack initiation occurred not only at primary Si particles but also at several 
intermetallic compounds. The main intermetallic that appeared to initiate fatigue 
cracks was Al
9FeNi, although others such as Al
7Cu
4Ni and Al
3(CuNi)
2 were observed 
adjacent to crack initiation sites. Furthermore, small pores (maximum dimension ∼50-
75 µm) were often observed associated with the intermetallics at initiation sites [7].  
 
Moffat et al. [5, 7] further investigated the fatigue behaviour of three other model 
alloys with similar alloy content except for reduced Si levels of 6.9 wt% (unmodified T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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and Sr modified) and 0.67 wt% as shown in Table 4.1. For the Sr-modified alloy with 
6.9% Si, the authors observed crack initiation events to occur at Al
9FeNi and Al
3(CuNi)
2 
particles.  Pores as large as ∼500 µm were also observed to initiate fatigue cracks and 
were sometimes associated with intermetallics such as Al
3Ni
2. The unmodified alloy 
exhibited similar initiation behaviour although eutectic Si particles were also observed 
to initiate cracks and crack initiating pores were slightly smaller compared to the 
modified version. However, in the low Si alloy (0.67%Si), fatigue cracks initiated 
exclusively from porosity. In some cases, Al
9FeNi and Al
3(CuNi)
2 particles were seen 
associated with the crack initiating pores. Furthermore although short fatigue cracks 
were observed to interact strongly with intermetallics in all the alloys, porous regions 
significantly influenced their behaviour in the low Si alloy.  
 
It is clearly apparent from Moffat et al.’s work [5, 7] that lowering Si levels reduces the 
role of Si particles in fatigue crack initiation with intermetallic particles (particularly, 
the Al
9FeNi phase) taking a more dominant role. However, the reduction of Si is also 
accompanied by increased porosity (due to poor castability [11]), which then 
dominates fatigue behaviour especially for the low Si alloy. In order to unambiguously 
characterise the effect of microstructure on their fatigue behaviour, the low Si alloys 
were hot isostatic pressed (hipped) to reduce porosity. This paper analyses fatigue 
crack initiation and S-N response of the hipped alloys in comparison with previous 
observations in their unhipped counterparts. 
4.2  Experimental methods 
4.2.1  Materials 
The model piston alloys under investigation are shown in Table 4.1. It can be seen that 
their main difference in composition is the Si level. The alloys have been coded as, 
Al12.5Si, Al7Si-Sr, Al7Si-unmod, and Al0.7Si according to their approximate Si content. 
The only difference between Al7Si-Sr and Al7Si-unmod is that the former is unmodified 
while the latter is modified by Sr to convert the otherwise coarse acicular eutectic Si 
particles to a fine fibrous structure. Al12.5Si alloy contains primary Si crystals within an 
unmodified Al-Si eutectic. Alloy Al0.7Si is technically not an Al-Si cast alloy and 
therefore does not contain Si particles within its dendritic microstructure. All the four 
alloys contain several intermetallic phases such as Al
9FeNi, Al
3(NiCu)
2, Al
7Cu
4Ni, Al
3Ni 
and Al
5CuMgSi
6. The mechanical properties of these intermetallics and Si particles have 
been extensively investigated in previous work and found to be stiffer and harder than 
the Al matrix [6, 7]. In Moffat’s work [7], the alloys had been supplied as unfinished 
pistons aged to the T5 temper at 230
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crowns and further aged at 260
oC for 100 h to provide a practical simulation of in-
service conditions. In the current work, Al7Si-Sr and Al0.7Si alloys were also provided 
as unfinished pistons but after having been hipped at 490
oC and 100 MPa for 4 h, 
followed by a solution treatment at 480
oC for 2 h, a water quench and finally aged for 
8 h at 230
oC. Specimens were also obtained from the crowns and overaged at 260
oC 
for 100 h in line with previous work. Although the focus of the current work is on the 
hipped versions of Al7Si-Sr and Al0.7Si alloys, the S-N data for the other alloys as 
reported by Moffat [7] are provided for comparison. 
Table 4.1 Compositions (in wt %) of the model cast aluminium piston alloys [7]. 
Alloy  Si   Cu   Ni   Mg   Fe   Mn   Ti   Zr   V (  P   Sr  
Al12.5Si  12.45  3.93  2.78  0.67  0.44  0.03  0.01  0.05  0.04  0.005  0 
Al7Si-Sr   6.90  3.89  3.00  0.62  0.22  0.03  0.01  0.05  0.04  0.005  0.015 
Al7Si-unmod  6.90  3.89  3.00  0.62  0.22  0.03  0.01  0.05  0.04  0.005  0 
Al0.7Si   0.67  3.91  2.99  0.80  0.21  0.05  0.01  0.01  0.01  0.005  0 
 
The overall distribution of porosity and second phases (i.e., Si and intermetallic 
compounds) in the hipped and unhipped versions of the two alloys (Al7Si-Sr and 
Al0.7Si) have been analysed in detail using 3D synchrotron X-ray microtomography 
(SRCT) imaging as well as standard 2D stereological methods described by Underwood 
(e.g., lineal fraction analysis) [12]. Details of this analysis are presented in Chapter 3. 
However, 2D image analysis was also conducted on randomly selected S-N samples 
using a combination of optical microscopy (OM) and scanning electron microscopy 
(SEM) in backscatter mode. Particle analysis was carried out using ImageJ. The particle 
parameters investigated included the area fraction (A
f) of intermetallics and Si 
particles, maximum Feret dimension (L
max) and circularity (given as 4π(A)/(P)
2 – where, A 
= particle area and P = perimeter). 
4.2.2  Tensile and fatigue tests  
Baseline room temperature (RT) tensile testing was carried out on a 50 kN Instron 
5569 at a displacement rate of 1 mm/min. All specimens were prepared according to 
ASTM E8M and had a 5 mm gauge diameter and 12.5 mm gauge length. Strain 
measurements were obtained using a clip gauge extensometer.  
 
Bend bar S-N specimens measuring 6x6x50 mm were sectioned from the piston 
crowns of the hipped Al7Si-Sr and Al0.7Si alloys and aged at 260
oC for 100 h as 
described in Section 4.2.1. (Note that the S-N sample sectioning procedure and loading 
geometry are illustrated in Figure 3.2 in Chapter 3.) Prior to testing, the top surface of T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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each specimen was polished to ∼0.05 µm and edges rounded off to reduce chances of 
them acting as fatigue crack initiation sites. Room temperature S-N fatigue tests were 
then performed at different stress (strain) amplitudes on a 50 kN Instron 8502 using 4 
point bend with a span of 15 mm, stress ratio of 0.1. A frequency of 15 Hz was initially 
used but later increased to 50 Hz after it was confirmed not to have any significant 
effect on fatigue life at the test temperature (∼20
oC). The loads applied to the 
specimens were such that the top surface stresses were above the yield stress 
although the bulk of specimen remained largely elastic. The top surface stresses were 
therefore approximated by measuring strains at increasing loads and comparing these 
with the tensile stress-strain curve. It should be noted that this is a first order 
approximation since cyclic hardening/softening of these alloys are still under 
investigation and therefore not considered at this stage. 
 
The origins of fatal fatigue cracks were investigated by analysing the fracture surfaces 
using an SEM fitted with an energy dispersive X-ray (EDX) unit, which was used to 
analyse the phases. Furthermore, the origins of secondary cracks on the surfaces of 
selected S-N specimens were also analysed by SEM. The phases were identified by 
comparing their EDX results with previous work on similar alloys [13]. 
4.3  Results 
4.3.1  Porosity and tensile data 
The level of porosity for the hipped and unhipped alloys obtained from 3D SRCT data 
is given in Table 4.2 together with baseline tensile data. The table shows that hipping 
marginally reduced porosity in alloy Al7Si-Sr from a volume fraction of ∼0.04% to 
∼0.01% as would be expected since the unhipped material was already reasonably 
sound. The low porosity in Al7Si compared to Al0.7Si in the unhipped state may be 
attributed to the high level of Si in the alloy which improved its castability compared to 
the low Si alloy [11]. Nevertheless, the maximum dimension of the largest pore was 
∼228 µm in the unhipped alloy as opposed to ∼129 µm in hipped Al7Si-Sr. Notably, 
such larger pores were fewer in both hipped and unhipped materials with over 98% and 
94% of the pore size population being less that 50 µm in the hipped and unhipped 
Al7Si-Sr alloys respectively. On the other hand, the level of porosity in alloy Al0.7Si was 
significantly reduced from ∼0.26% to ∼0.03% in volume fraction. The maximum 
dimensions of the largest pores in uhipped and hipped Al0.7Si were ∼536 µm and ∼52 
µm, in that order. Furthermore, over 99 and 78% of the pore size population was found 
to be less than 50 µm in the hipped and hipped Al0.7Si alloys respectively.  
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Table 4.2 Porosity and tensile data for the model piston alloys 
Alloy  Pore Vol. (%)  Largest pore 
size
* (µm) 
YS (MPa)  UTS (MPa)  δ (%) 
Unhipped Al12.5Si  0.073   241  109  186  0.94 
Unhipped Al7Si-unmod  0.076   210  103  176  1.4 
unhipped Al7Si-Sr  0.04  228  107  186  1.49 
Hipped Al7Si-Sr  0.01  129  110  192  2.5 
Unhipped Al0.7Si  0.26  536  124  180  1.45 
Hipped Al0.7Si  0.03  52  130  212  2.9 
*The maximum dimension of the largest porous region observed via SRCT. 
 
It is evident that although the major portion of the pore size population was below 50 
µm, the number of larger pores (i.e., ≥ 50 µm) was higher in the unhipped material. 
This is of particular significance to fatigue failure since it is these larger pores that 
tend to initiate fatal fatigue cracks [14]. Furthermore, the total volume analysed by 
SRCT was typically less than 6 mm
3, which is much smaller compared to that of 
specimens for fatigue testing or cast components. The probability that such large 
pores will be located at the most stressed region in a specimen or cast component is 
therefore higher than can be evidenced directly from the limited SRCT volumes 
analysed [15]. Statistical analysis indicated that the 3-parameter lognormal distribution 
function gave the closest fit to the pore size distribution in line with previous findings 
[16]. The cumulative probability plots of the pore size data as well as the 3-parameter 
lognormal fits are presented in Figure 4.1. The fitted distribution parameters are also 
listed in the figure together with their R
2 goodness of fit.  
 
The ductilities (δ) of the hipped Al7Si-Sr and Al0.7Si alloys were improved by 68% and 
100%, respectively as shown in Table 4.2. However, improvements in the 0.2% proof 
stress (YS) and tensile strength (UTS) values for both alloys were generally less than 5% 
except for the 18% improvement in the UTS for alloy Al0.7Si. This is in line with most 
findings in the literature that hipping does not significantly affect yield strength and 
tensile strength [17-19].  
4.3.2  Distribution of eutectic Si and intermetallic particles 
Previous reports [20-22] indicate that hipping does not affect the overall 
microstructure of aluminium castings. It should be noted, however, that the hipped 
alloys were solution heat treated before ageing. This is not expected to have any effect 
on the intermetallic particles since they are designed to be stable at high temperature 
for piston alloys [3]. On the other hand, eutectic Si particles have been reported to 
spheroidise and coarsen during solution treatment; the extent of which depends on T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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temperature and time [23, 24]. Furthermore, deep etching [23] and 3D image analysis 
[25] shows that modified eutectic Si particles in as-cast microstructure appear as an 
interconnected fibrous coral-like structure. Solution treatment is reported to transform 
these interconnected coral-like structures into discrete and isolated Si particles [23, 
25]. Differences in the distribution of eutectic Si particles in the hipped and unhipped 
Al7Si-Sr are discussed in detail in Chapter 3. The scope of this chapter is limited to the 
effect of the microstructural features in the hipped alloys on fatigue crack initiation 
and total fatigue life.  
 
Table 4.3 summarises the various particle parameters quantified in the hipped Al7Si-Sr 
and Al0.7Si alloys. The area fraction of intermetallics in both alloys is shown to be 
equivalent at 10.5 ± 3.0 % and ∼10.8 ± 2.8 % for hipped Al0.7Si and Al7Si-Sr, 
respectively. However, the area fraction of all particles (i.e., Si and intermetallics) in the 
hipped Al7Si-Sr alloy is found to be 19.4 ± 3.0 %. The area fraction of intermetallics in 
both alloys may be expected to be comparable since the only difference between the 
two alloys is the silicon content. Note that the overall bulk area fraction of Si particles 
in Al7Si-Sr alloy is not given in Table 4.3 since it is merely the difference between that 
of all particles and that of intermetallics. However, the Si particle population in this 
alloy is concentrated at the eutectic regions with a much higher local area fraction of 
35.1 ± 5.2 %. Furthermore, regions of clustered intermetallic particles were frequently 
observed in alloy Al0.7Si. The area fraction of intermetallics within these clusters was 
estimated to be ∼21.5 ± 2.1 %. The average and standard deviations of the maximum 
Feret dimension (L
max) of the particles and their circularity are also provided in Table 
4.3. Moreover, the average and standard deviation of L
max of the largest particles in 
each micrograph analysed are given together with their respective values for 
circularity. Also provided are the largest particle sizes and their circularity as measured 
in the two alloys. The data on the larger particles in the population is important since it 
is these particles that often control fatigue crack initiation as previously mentioned. 
Furthermore, the larger particles are shown to have relatively lower circularity values 
(i.e., they are less circular) compared to smaller particles. 
 
Analysis of the particle size data indicated that the statistical distribution functions 
available in the literature do not give good fits to the data except for the Si particle 
size. The Si particle size distribution was found to be approximately lognormal (3-
parameter) in line with reported findings in the literature [26]. However, the 3-
parameter Weibull function was found to give a better fit to the Si particle size as 
shown by the Anderson Darling goodness-of-fit test parameters in Figure 4.2. The 
probability plots of the various particle size data are also provided in Figure 4.2 T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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together with Weibull fits and their respective parameters. The Weibull function 
provided the closest fits to the particle size data as compared to other distribution 
functions. However, there is still significant lack of fit for the intermetallic particle 
sizes in both alloys and the overall particle population in the hipped Al7Si-Sr alloy as 
evidenced by their goodness of fit parameters. On the other hand, the intermetallic 
particle size data is shown in Figure 4.3 to follow a power law function of the form: 
 
f = C(L
max)
-r                    (4.1) 
 
The upper tail of the Si particle size distribution is also shown to follow the power law 
function. The significance of this power law function is discussed later.  
Table 4.3 Quantitative parameters of eutectic Si and intermetallic particle distribution 
in hipped Al7Si-Sr and Al0.7Si alloys 
 
 
Parameter 
Hipped Al7Si-Sr  Hipped Al0.7Si 
 
Intermetallics 
 
Eutectic Si 
Eutectic Si & 
Intermetallics 
 
Intermetallics 
Bulk area fraction, A
f (%)  10.5 ± 3.0  -  19.4 ± 3.0  10.8 ± 2.8 
Area fraction at clusters (or 
eutectic region), A
fc (%) 
 
n/a 
 
35.1 ± 5.2 
 
n/a 
 
21.5 ± 2.1 
Overall particle 
distribution  
*L
max (µm)  6.2 ± 10.4  4.6 ± 3.7  5.6 ± 9.0  6.9 ± 8.8 
Circularity  0.58 ± 0.28  0.64 ± 0.22  0.57 ± 0.26  0.55 ± 0.28 
Maxima particle 
distribution
χ 
L
max (µm)
  120.8 ± 64.7  20.8 ± 6.9  80.5 ± 49.8   81.0 ± 35.3  
Circularity  0.07 ± 0.06  0.15 ± 0.5  0.05 ± 0.02  0.06 ± 0.05 
Largest particle  L
max (µm)
  223.8  30.1  197.7  180.8 
Circularity  0.02  0.11  0.03  0.03 
*Lmax is the maximum Feret length of the particle. 
χThe largest particles in each micrograph analysed. 
 
The lower bound fatigue life can be predicted from the size of the largest defect (i.e., 
pores or particles) in the sample, which is often predicted from the upper tail of the 
defect distribution by extrapolation using extreme-value statistics [27]. The size of the 
largest defects should therefore follow one of the extreme-value distribution functions 
(i.e., Gumbel, Frechet or Weibull) [28, 29]. While the scope of this chapter excludes an 
extended discussion on extreme-value statistics, it is important to note that the 
Gumbel and 3-parameter Weibull distributions gave good fits to the size data of the 
largest particles from each micrograph. Figure 4.4 shows the Gumbel probability fits to 
the largest particle size data together with their respective parameter values. T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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4.3.3  S-N fatigue data 
The S-N data is presented in Figure 4.5 as a function of maximum stress versus total 
fatigue life cycles. It is noted that the data exhibits significant scatter which is typical 
of fatigue life distribution and is usually attributed to the defect distribution [30]. 
However, certain trends can still be inferred from the data. A comparison among the 
unhipped alloys shows that alloy Al0.7Si has the worst fatigue performance of the four 
alloys investigated. For example, at a maximum stress of ~132 MPa, no failures were 
observed in all the other unhipped alloys up to 10
7 cycles (runouts) while Al0.7Si failed 
at fatigue cycles two orders of magnitude lower. Alloy Al7Si-unmod seems to be the 
best performing alloy with approximately an order of magnitude higher fatigue life 
than Al7Si-Sr at stresses between 140 MPa and 160 MPa. The fatigue lives of alloy 
Al12.5Si at different stresses appear to be within the same range as those of Al7Si-Sr. 
The figure shows that hipping does not improve the fatigue performance of alloy Al7Si-
Sr but significantly improves that of Al0.7Si. The fatigue lives of hipped Al0.7Si are 
shown to be within the same range as those of hipped and unhipped Al7Si-Sr alloys.  
 
The S-N results are also presented in Figure 4.6 as a function of maximum stress 
normalised to 0.2% proof strength. A similar trend is observed among the unhipped 
alloys but the inferior performance of Al0.7Si is emphasized when the data is 
presented in this form because of its high proof strength. It is observed that in 
Al12.5Si, Al7Si-unmod and Al7Si-Sr alloys, the minimum stresses below which runouts 
are observed are above the 0.2% proof strength. This is however not confirmed for 
alloy Al0.7Si although a runout was observed at a normalised stress of 0.92. Hipping is 
again shown not to improve the fatigue performance of Al7Si-Sr while that of Al0.7Si is 
still shown to be enhanced. It is shown here that even after hipping, the Al0.7Si still 
exhibits the lowest fatigue lives compared to the other alloys.  
 
In Figure 4.7, The S-N data is presented as a function of the maximum strain. This is 
particularly important because at stresses above the proof strength, fatigue failure is 
controlled more by strain than stress. In the unhipped category, the superiority of 
Al7Si-unmod is confirmed yet again. However, alloy Al12.5Si shows poorer 
performance compared to Al7Si-Sr and appears to be similar to that of Al0.7Si 
especially at higher strains (i.e., ε
max>0.5). At lower strains, alloy Al0.7Si gives the 
lowest fatigue lives. When S-N data is presented in this format, the hipped Al0.7Si 
exhibits better fatigue performance than unhipped Al0.7Si and Al12.5Si alloys. Hipping 
is still seen to have no significant effect on the fatigue lives of Al7Si-Sr.  T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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4.3.4  Fatigue crack initiation 
Post failure analysis of the hipped alloys showed that fatigue crack initiation occurred 
exclusively at intermetallic compounds and sometimes at oxides or healed pores. 
Figure 4.8 shows fatigue crack initiation sites on three specimens of hipped Al7Si-Sr 
alloy. The fatigue cracks are shown to have initiated from large Al
9FeNi particles in 
Figure 4.8 (a) & (b) as compared to a relatively smaller oxide in Figure 4.8 (c). It is 
significant to note that the fatigue lives of the specimens that failed from the Al
9FeNi 
particles (Figs 4.8 (a) & (b)) were much lower (∼4x10
4 to 5x10
5 cycles) compared that 
which failed from the oxide (∼1.9x10
6 cycles). The large scatter in the fatigue data 
shown in Figures 4.5 to 4.7 can therefore be partly attributed to the size of the crack 
initiating particles.  
 
Figure 4.9 shows two fatigue crack initiation sites in a hipped Al0.7Si alloy specimen 
which failed by coalescence of at least four major fatigue cracks as illustrated by the 
microtomography (µCT) image shown in Figure 4.10. Figure 4.9 shows that although a 
larger particle can be seen at both initiation sites, several particles are also observed 
clustered at the initiation region. This makes it difficult to quantify the size of such 
initiation sites for purposes of correlation with fatigue life. Fatigue crack initiation at 
intermetallic clusters is a common feature with this alloy as illustrated in Figures 4.10 
to 4.13. Figure 4.11 shows two possible fatigue crack initiation sites (A & B) in another 
specimen of this alloy. The initiation site indicated as A appears to be a healed pore 
that was associated with an oxide film while that in B contains both oxides and 
intermetallic particles. The influence the crack initiating defect has on fatigue life is 
also depicted in Figure 4.12. In Figure 4.12 (a), the crack originated from a cluster of 
intermetallics and the specimen failed after 69908 cycles. The specimen in Figure 4.12 
(b) failed from a large (L
max = ∼262 µm) Al
9FeNi particle after 22402 cycles. The particle 
size effect in both cases can be estimated by the area fraction covered by the 
intermetallics at the crack origin. The area fraction of the cluster in Figure 4.12 (a) is 
found to be ∼17.8 % as opposed 37.7% in Figure 4.12 (b). 
 
Fatigue crack initiation at intermetallic clusters and oxides is more aptly illustrated by 
the secondary cracks in Figure 4.13. It is clearly shown that particles fail either by 
cracking or interface debonding. Qualitatively, there is a higher tendency for particle 
cracking to occur at intermetallic clusters as shown in Figure 4.13 (b) as opposed to 
Figure 4.13 (a) where the particles are less clustered and debonding is a more frequent 
occurrence. The failure mechanism at oxides is mainly via debonding as shown in 
Figures 4.13 (c) and (d). The oxide film in Figure 4.13 (d) seem to have debonded on 
either side suggesting that the oxide films are weakly bonded to the Al matrix. T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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Furthermore, the oxides are clearly located along the interdendritic regions and 
possibly at grain boundaries [31]. 
 
A closer examination of the regions near the intermetallics shows evidence of slip 
banding as shown in Figure 4.14. In particular, persistent slip bands are clearly 
observed at the top right corner of Figure 4.14 (a). Slip lines oriented at approximately 
45
o to the loading direction (vertical) can be seen in all the other images. The early 
growth of the short crack into the Al matrix is clearly controlled by these slip lines as 
shown in Figure 4.14 (d). Figure 4.14 (b) also shows evidence of two slip lines 
emanating from the tips of cracks at particles. The slip lines are at ∼90
o apart and each 
is oriented at ∼45
o to the loading direction. This type of slip banding has previously 
been predicted to occur adjacent to pores or failed particles via finite element analysis 
[32, 33]. One other key observation with regard to alloy Al7Si-Sr was that although 
cracks were frequently observed at eutectic Si particles, these cracks generally 
remained small as illustrated in Figure 4.14 (b). However, the authors have observed 
that the growth of short fatigue cracks is significantly influenced by the Si particles 
whenever these cracks encounter eutectic regions. The short cracks propagate mainly 
through the Si/Al interface. A detailed analysis of the short crack behaviour of these 
alloys is presented in Chapter 6. 
 
Other interesting observations made during examination of the failed specimens are 
illustrated in Figure 4.15. In Figure 4.15 (a), we see what looks like sub-grain 
boundaries within the aluminium matrix of a hipped Al0.7Si alloy (open arrows). The 
cause of these features is not clear to the author but it may be associated with hipping 
since they have previously been observed in a hipped A356-T6 alloy by Ran et al. [18]. 
The effect of these sub-grain boundaries on fatigue cracking or growth of short cracks 
cannot yet be discerned although they are alleged not to affect the tensile properties of 
A356-T6 alloys [18]. A detailed EBSD characterisation of these features near fatigue 
cracks may shed light on their possible influence on fatigue failure processes. Another 
significant observation shown in Figure 4.15 (b) is the diminution of precipitates in the 
α-Al matrix near the intermetallics. These precipitate denuded zones are also observed 
at regions near oxide particles as shown in Figures 4.13 (c) and (d). The role of these 
denuded zones on particle failure is discussed in Section 4.4. 
4.3.5  Correlation of fatigue life with particle sizes 
As discussed in the previous section, quantifying the actual size of the fatigue 
initiating particles was difficult when such cracks initiated from intermetallic clusters. 
However, in some of the S-N samples of the hipped Al7Si-Sr alloy loaded at a maximum T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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strain of 0.68%, fatigue cracks were observed to originate from individual particles 
which could easily be quantified. The relationship between fatigue life and the size of 
these crack initiating particles is shown in Figure 4.16. Although the data points are 
too few to draw definitive conclusions, there seems to be a clear trend of reduced 
fatigue life with increase in particle size (as might be expected). Furthermore, by 
comparing particle sizes in Figures 4.16 and 4.3, it is clear that the crack initiating 
particles come from the upper tail of the overall population. Extensive experimental 
evidence [14, 34-37] indicates that, the fatigue performance of castings is controlled 
by the largest defects in the population. Furthermore, Shiozawa et al. [38] have shown 
that in the absence of porosity, the number of cycles to crack initiation is determined 
by the largest Si particles in AC8A-T6 cast aluminium specimens. It is therefore 
expected that for a given population of particles in a casting, the largest particles (such 
as those represented in Figure 4) are the more likely sites for crack initiation; 
especially those close to the surface. 
 
Casellas et al. [39] have shown that the parameter, r, in equation (4.1) obtained by 
fitting to pore size distribution, can be related to the Weibull modulus (P) of the fatigue 
life data and the Paris exponent (m) in crack growth data as follows: 
 
                    (4.2) 
 
Murakami and Endo [27] have shown that pores and inclusions (which in this context 
can refer to oxides, Si or intermetallic particles) can be treated in the same manner in 
correlating fatigue life with defect size and we have seen that the fatigue life 
distribution in the hipped Al7Si-Sr and Al0.7Si alloys is controlled by particles. 
Naturally, the variability in fatigue life distribution in these alloys can therefore also be 
predicted using the particle size distribution parameter (r) and the Paris exponent (m) 
obtained from long fatigue crack measurements. The Paris exponents of the two 
hipped alloys have already been determined [40] and are shown in Table 4.4 together 
with values of r for the overall particle distribution in each of the two alloys. The values 
of P for both alloys were calculated by substituting the r and m values into equation 
(4.2). The values of P obtained were 1.36 and 2.04 for the hipped Al7Si-Sr and Al0.7Si 
alloys, respectively. It is difficult to conclude at this stage whether the estimated values 
of P represent the actual Weibull modulus obtained from experiment due to lack of 
sufficient experimental data. However, a first estimation of the Weibull modulus of the 
fatigue life data is provided in Figure 4.17. The values of P obtained from Figure 4.17 
(also included in Table 4) are ∼1.61 and ∼2.17 for hipped Al7Si-Sr and Al0.7Si, 
respectively. There is reasonable agreement between the predicted and experimentally T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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determined values of P although additional fatigue life data is required to make any 
further definitive conclusions. 
Table 4.4 Predicted and experimental values of the Weibull modulus (P values) for 
hipped A7Si-Sr and Al0.7Si alloys 
Alloy  r  m  Predicted P  Experimental P 
Hipped Al7Si-Sr  2.979  4.9  1.36  1.61 
Hipped Al0.7Si  3.147  4.1  2.04  2.17 
 
4.4  Discussion 
As discussed in the introduction, Moffat et al. [5, 7] have shown that primary Si, 
intermetallic particles (mainly Al
9FeNi) and porosity are the preferred initiation sites in 
Al12.5Si. The effect of porosity increases with decreasing Si content such that fatigue 
crack initiation is predominantly from pores in the lowest Si alloy (i.e., Al0.7Si). 
However intermetallics were also observed to initiate fatigue cracks or be associated 
with crack initiating pores in all the alloys. Furthermore, cracks in Al7Si-unmod also 
initiated from eutectic Si particles. Fatigue crack initiation at particles located at the 
tips of pores has previously been observed by Buffiere et al. [41] who showed that 
fatigue cracks originate from Si particles and grain boundaries located at the tips of 
pores in an A356 type alloy. The presence of particles next to the pores increases the 
intensification of local cyclic stresses and strains that leads to formation of fatigue 
cracks [42].  
 
Porosity can however be eliminated or reduced through hipping to a point that it is 
rendered impotent in terms of fatigue crack initiation [43]. Hipped castings have been 
shown to have higher fatigue life by about an order of magnitude [17, 21, 22, 44-46]. 
In this investigation, no improvement in fatigue performance was observed in alloy 
A7Si-Sr after hipping as shown in Figures 4.3 to 4.7. The lack of improvement in 
fatigue resistance after hipping is often attributed to the presence of oxide films which 
are not affected by hipping [46, 47]. Furthermore, an increased scatter in fatigue life is 
often reported to accompany increases in fatigue life after hipping [30, 46, 47]. For 
example, Mashl and Diem [46] reported a subtle increase in fatigue life after hipping 
but with increased scatter and attributed this to oxide films from which most fatigue 
cracks initiated. Fatigue cracks were however not observed to initiate from oxide films 
in the hipped Al7Si-Sr alloy although significant scatter was still observed just as in the 
unhipped version. The lack of improvement in fatigue performance in this alloy after 
hipping may therefore be associated with a lack of significant change in porosity T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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distribution as discussed in Section 4.3.1. The observed scatter can be partly attributed 
to the different sizes of fatigue crack initiating particles as illustrated in Figure 4.16. 
 
Figures 4.5 to 4.7 however show that hipping improved the fatigue performance of 
Al0.7Si alloy. Furthermore, no fatal fatigue cracks were observed to initiate from 
porosity. This is attributed to the significant reduction in porosity in this alloy after 
hipping. Although most fatigue cracks originated from intermetallic particles, oxide 
films were also observed to initiate fatigue cracks in this alloy as shown in Figures 4.11 
and 4.13 (c & d). Oxide particles similar to the ones illustrated in Figure 4.13 (c & d) 
were frequently observed on micrographs of this alloy and it is believed that some of 
them may have been associated with porosity which was closed but possibly not 
completely welded after hipping as suggested by Staley et al. [45]. 
 
The Al
9FeNi phase plays a dominant role in fatigue crack initiation in the hipped alloys. 
This is consistent with Moffat’s work [5, 7] which shows that this phase frequently 
initiated fatigue cracks even in the unhipped alloys. Nanoidentation studies by Chen et 
al. [6] have provided stiffness (E) and hardness values of various secondary phases 
found in these alloys. The results show that the hardness of the Al
9FeNi phase is lower 
than most of the other frequently occurring phases such as Si, AlFeMnSi, Al
3Ni
2 and 
Al
7Cu
4Ni. Moffat [7] used this data to predict that the Al
9FeNi phases would require 
relatively lower strains to fail and thus the reason for their preferential role in crack 
initiation. Furthermore, the preferential cracking at intermetallic clusters can be related 
to load transfer effects. Since these clustered regions contain a higher volume fraction 
of stiff particles (see Table 4.3), it is likely that their mesoscopic stress will be higher 
due to the overall load transfer to these regions [5]. 
 
Particle size and shape play a significant role in the development of the local stress 
and strain field. The size of the fatigue crack initiating particles is higher than the 
mean size of the population. Furthermore, these larger particles tend to be more 
elongated as depicted by their low circularity (see Table 4.3). The preferential failure of 
larger particles is consistent with previous results by Joyce et al. [10] who found that 
the size of Si particles that caused crack initiation was higher than the average size of 
Si particles in each of the two piston alloys they investigated. They attributed this 
observation to the fact that larger particles are more likely to contain flaws and re-
entrant corners (size effect) and therefore more likely to fail preferentially. Nishido et 
al. [48] have also shown that large primary Si particles require less stress to fracture 
than small eutectic Si particles. As for particle shape, it is believed that particles with 
sharp re-entrant angles are likely to induce higher stress concentrations [49]. T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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Furthermore, Verdu et al. [50] reports that larger and elongated particles tend to crack 
more easily. Whether elongated particles will preferentially fail may also ultimately 
depend on their orientation to the loading direction. Furthermore, these may also 
affect the mode of particle failure with a tendency for particle fracture for particles 
oriented such that their major axis is parallel to the loading direction [51]. 
Particle/matrix interface separation is likely to be favoured if the particles are oriented 
normal to the loading axis.  
 
The possible role of a weak precipitate denuded zone near the interface of 
intermetallic particles (see Figure 4.15 (b)) on their failure mechanism has not been 
given much attention in aluminium castings. Starink [52] suggests that the differences 
in failure stresses between larger and small particles may actually be attributed to the 
role of this precipitate denuded softer zones (also called precipitate free zones) in 
shielding load transfer to the particles. The author shows that although the particle 
strength remains approximately constant irrespective of particle size, smaller particles 
are more effectively shielded from the matrix stresses due to yielding of the denuded 
zone. Bischofberger et al. [53] has previously reported the presence of such precipitate 
free zones around β-Al
5FeSi in an Al-Si piston alloy and suggested that a crack initially 
forms in this region before particle fracture occurs. It is apparent that this precipitate 
denuded zone not only influences the stresses in the particles but may also determine 
whether particles fail via debonding or fracture mechanisms. Further detailed analysis 
of the complex interplay of stress/strain transfer and evolution between these different 
areas of the microstructure during initiation/accumulation and propagation of damage 
will be valuable. 
4.5  Conclusions 
The fatigue crack initiation and S-N fatigue behaviour of hipped model Al7Si-Sr and 
Al0.7Si alloys have been investigated. The results show that hipping does not affect the 
S-N behaviour of Al7Si-Sr but significantly improves that of Al0.7Si alloy. The lack of 
improvement in the fatigue performance of hipped Al7Si-Sr is attributed to the fact that 
hipping did not have any significant influence on the level of porosity in this alloy. 
However, fatigue crack initiation was shown to occur at intermetallic particles (mainly 
the Al
9FeNi phase) and not from porosity. In hipped Al0.7Si alloy, fatigue cracks were 
observed to originate mainly from intermetallic particles and sometimes from oxide 
particles/films. Furthermore, fatigue cracking was also frequently observed at 
intermetallic clusters in this alloy. The scatter in fatigue life is found to be correlated to 
the size of fatigue crack initiating particles and the exponent of the power law 
distribution function fitted to particle size distribution.T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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Figure 4.1: The 3-parameter lognormal cumulative probability plots of pore size data. 
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Figure 4.2: Weibull probability plots of particle size data and their respective parameter 
values. Particle sizes are in terms of the maximum Feret dimension. 
3-parameter lognormal probability density function: 
 
σ = Shape parameter (standard deviation) 
µ = Scale parameter (mean) 
τ = Threshold (minimum pore size) 
N = Number of pores 
R
2 = Goodness of fit parameter (R
2 ≥ 0.95) see ref [16] 
Weibull cumulative probability 
function: 
 
P= Modulus 
Lo = Scale 
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Figure 4.3: The upper tail size distribution of eutectic Si and intermetallic particles in 
hipped Al7Si-Sr and Al0.7Si alloys.  
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Figure 4.4: Gumbel probability plots of the largest particle size data. 
Gumbel cumulative probability function: 
 
λg = Location  
δ = Scale parameter  
λ
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Figure 4.5: S-N data presented in terms of maximum stress vs. cycles to failure. Arrows 
indicate that the specimens did not fail within at 10
7 cycles. 
 
 
Figure 4.6: S-N data presented in terms of maximum stress normalised to 0.2% proof 
strength vs. cycles to failure. T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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Figure 4.7: S-N data presented in terms of maximum strain vs. cycles to failure. 
 
 
Figure 4.8: Fatigue crack initiation sites for hipped Al7Si-Sr at (a) Al
9FeNi (N = 410975 
cycles), (b) Al
9FeNi (N = 517568 cycles) and (c) at oxide (N = 1912793 cycles). (ε
max = 
0.68; R = 0.1) T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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Figure 4.9: Two different fatigue crack initiation sites (a & b) at intermetallic clusters 
within one hipped Al0.7Si specimen. The specimen failed after 158934 cycles due to 
coalescence of at least four different cracks. (ε
max = 0.58; R = 0.1). 
 
 
Figure 4.10: µCT images of a hipped Al0.7Si specimen after S-N testing showing a 
complex crack profile due to multiple crack initiation. (µCT imaging parameters are 
given in Chapter 3.) 
 
 
Figure 4.11: Fatigue crack initiation sites (white arrows) at clusters of oxides and 
intermetallics in a hipped Al0.7Si specimen. (N = 181567 cycles; (ε
max = 0.58; R = 0.1) 
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Figure 4.12: Fatigue crack initiation sites for hipped Al0.7Si at (a) intermetallic clusters 
(N = 69908 cycles), (b) Al
9FeNi (N = 22402 cycles). (ε
max = 0.85; R = 0.1) 
 
 
Figure 4.13: Secondary fatigue crack initiation at (a) intermetallics (b) Intermetallic 
clusters and (c & d) at oxides in a hipped Al0.7Si specimen. (N = 158934 cycles; ε
max = 
0.58; R = 0.1). 
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Figure 4.14: Secondary fatigue cracking and slip banding in the α-matrix near particles 
at (a) hipped Al0.7Si (N = 6960494 cycles; ε
max = 0.42; R = 0.1), (b) hipped Al7Si-Sr (N = 
193205 cycles; ε
max = 0.76; R = 0.1), (c & d) hipped Al0.7Si specimen. (N = 158934 
cycles; ε
max = 0.58; R = 0.1) T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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Figure 4.15: Illustration of (a) sub-grain structure and (b) precipitate denuded zones 
near intermetallics in a hipped Al0.7Si specimen. (N = 158934 cycles; ε
max = 0.58; R = 
0.1). T.O. Mbuya                                    Chapter 4: Fatigue crack initiation and S-N response 
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Figure 4.16: Fatigue life distribution as a function of fatal fatigue crack initiating 
particle. 
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Figure 4.17: Two parameter Weibull plots of fatigue life data for hipped Al7Si-Sr (ε
max = 
0.68; R = 0.1) and hipped Al0.7Si alloys (ε
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Chapter 5  Micromechanisms of long fatigue 
crack growth 
This chapter presents results on the micromechanisms of long fatigue crack growth in 
the model piston alloys under investigation. The chapter is also presented in paper 
form similar to Chapter 4. This chapter has been published in the International Journal 
of Fatigue largely in its present form except for minor differences. The paper is given 
below: 
 
T. O. Mbuya, I. Sinclair, A.J. Moffat and P.A.S. Reed. “Micromechanisms of fatigue crack 
growth in cast aluminium piston alloys.” International Journal of Fatigue, 42, (2012) 
227-237.  T.O. Mbuya                          Chapter 5: Micromechanisms of long fatigue crack growth 
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5.1  Introduction 
As discussed in previous chapters, pistons for light vehicle engines are typically cast 
from near eutectic multicomponent Al-Si cast alloys with high levels of Cu, Ni and Mg 
for improved high temperature mechanical properties [1]. These alloys have a complex 
3D interconnected microstructure comprising the primary Al matrix, Si and 
intermetallic particles. Eutectic alloys are preferred because of their excellent 
castability. The high Si content also imparts high dimensional stability, wear resistance 
and lower thermal expansion to the alloy [1]. The large blocky primary Si particles in 
these alloys have however been reported to cause initiation of fatigue cracks [2, 3] and 
increased fatigue crack growth rates at high ∆K. Based on these observations, the new 
low Si piston alloys (Al0.7Si and Al7Si-Sr) are being investigated as possible alternatives 
for light vehicle diesel engines. These alloys are however more susceptible to porosity 
formation and previous work [3] has shown that their fatigue behaviour is significantly 
influenced by these pores. 
 
The fatigue behaviour of the hipped versions of the low Si piston alloys was therefore 
investigated in this study to establish the operating micromechanisms of fatigue at 
reduced porosity levels. This Chapter discusses the long fatigue crack growth 
behaviour of these alloys based on fatigue crack growth data and analysis of the crack 
profiles and fracture surfaces.   
5.2  Experimental methods 
5.2.1  Materials 
The two low Si piston alloys investigated in this study are shown in Table 1.1 and it can 
be seen that their main difference in composition is in terms of the Si level. The alloys 
are therefore referred to as Al7Si-Sr and Al0.7Si to reflect their approximate Si content. 
Alloy Al7Si-Sr is a Sr-modified hypoeutectic Al-Si alloy with 6.9%Si comprising of 
modified eutectic Si and a network of intermetallics located at the interdendritic 
regions. On the other hand, Alloy Al0.7Si has a low Si content of 0.67% and is therefore 
technically not an Al-Si cast alloy. As discussed in Chapter 3, both alloys contain 
several intermetallic phases such as Al
9FeNi, Al
3(NiCu)
2, Al
3Ni and Al
5CuMgSi
6. The 
mechanical properties of these intermetallics and Si particles have been extensively 
investigated in previous work and found to be stiffer and harder than the Al matrix [3, 
4]. The alloys were supplied as unfinished pistons after hipping at 490
oC and 100 MPa 
for 4 h. This was followed by a solution treatment at 480
oC for 2 h, a water quench and T.O. Mbuya                          Chapter 5: Micromechanisms of long fatigue crack growth 
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then aged for 8 h at 230
oC. All test specimens were taken from the crowns and further 
aged at 260
oC for 100 h to provide a practical in-service simulation. Previous work [3] 
concentrated on unhipped versions of these alloys that had been supplied in the T5 
temper (230
oC for 8 h) and further aged at 260
oC for 100 h.  All alloys are thus in a 
heavily overaged state. 
 
The level of porosity was evaluated using 3D synchrotron X-ray tomography (SRCT) 
imaging of 1x1x10 mm and 2x2x10 mm specimens taken from the hipped and 
unhipped materials. Imaging obtained 1.4 µm isotropic voxel resolution at ESRF’s ID19 
beamline using an X-ray beam of 20 keV. The reconstructed CT volumes were analysed 
using VG Studio Max 2.0 and ImageJ to obtain the volume fraction of porosity (V
f). 
Point fraction and lineal fraction analysis methods were also used to estimate the V
f of 
intermetallics using optical and scanning electron (SEM) images as discussed in detail 
in Chapter 3. Further details on SRCT imaging and stereological analysis of these alloys 
can be found in Chapter 3 and ref [3]. 
5.2.2  Tensile and fatigue tests  
Baseline room temperature (RT) tensile testing was carried out on a 50 kN Instron 
5569 at a displacement rate of 1 mm/min. All specimens were prepared according to 
ASTM E8M and had a 5 mm gauge diameter and 12 mm gauge length. Strain 
measurements were obtained using a clip gauge extensometer.  
 
Long fatigue crack growth tests were carried out on 12x12x80 mm SENB specimens 
with an initial a/W ratio of 0.25, where a is crack length and W is the specimen width. 
All tests were carried out at RT in four point bend on a servohydraulic Instron 8502 
machine at an R ratio of 0.1 using a sinusoidal waveform of 15 Hz. Initial precracking 
was carried out at ∆K=5 MPa√m followed by load shedding according to BS ISO 
12108:2002 to obtain fatigue crack growth (da/dN) values down to near threshold. The 
cracks were then left to grow out to failure at constant load. The crack growth rate was 
monitored using a direct current potential difference system.  Additional tests were 
carried out and arrested at various ∆K levels, so that sectioning studies could be 
carried out to observe how the crack had propagated through the microstructure and 
to observe failure events ahead of the crack tip. 
 
Fracture surface analysis was conducted using a JEOL JSM-650F SEM while an Olympus 
BH-2 optical microscope (with a Prosilica GE1350 camera) was used to obtain images of 
the crack profiles. The optical images of the crack profiles and SEM fracture surface 
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crack growth through Si and intermetallic particles. This was achieved using both lineal 
and point fraction analysis of Si and intermetallics appearing on the fracture surfaces 
at various ∆K levels. Furthermore, the level of crack deflection at different ∆K values 
was inferred from surface roughness measurements on the fracture surfaces at near 
threshold, mid-range and high ∆K. These measurements were obtained using Alicona’s 
3D surface metrology software (MeX). The software uses three SEM images of the same 
region obtained at 3 small eucentrically tilted angles to reconstruct a true three 
dimensional representation of the fracture surface. Various surface metrological 
quantities can then be quantified. In this study, tilt angles of 0
o
, +5
o and -5
o were used. 
The surface roughness properties found to be of interest to this study were the root 
mean square height (R
q) obtained after filtering out the low frequency deflections (i.e., 
the large scale deflections) and the ratio of the true fracture surface area to the 
projected area (A
r).  
5.3  Results 
The level of porosity for the hipped and unhipped alloys obtained from 3D SRCT data 
is illustrated in Figure 5.1. The volume percent porosity in each alloy is also indicated 
on the respective images. Figures 5.1 a & b show that the reduction in porosity in alloy 
Al7Si-Sr after hipping was marginal (0.04% to 0.01%), which is not surprising since the 
unhipped material was already reasonably sound. However, hipping significantly 
decreased the level of porosity in alloy Al0.7Si from 0.26% to 0.03%. The low porosity 
in Al7Si-Sr compared to Al0.7Si in the unhipped state may be attributed to the high 
level of Si in the alloy which improved its castability compared to the low Si alloy [5]. 
This reduction in porosity resulted in increased ductility of Al7Si-Sr and Al0.7Si alloys 
by 68% and 100%, respectively as shown in Table 5.1. However, the table also shows 
that improvements in the 0.2% proof stress (YS) and tensile strength (UTS) values for 
both alloys were generally less than 5% except for the 18% improvement in the UTS for 
alloy Al0.7Si. This is in line with several reports in the literature on hipping (see for 
example ref [6]). Also presented in Table 5.1 are fatigue crack growth parameters 
extracted from crack growth curves plotted in Figure 5.2.  
 
Figure 5.2 shows that hipping does not have a significant effect on the long fatigue 
crack growth behaviour of Al7Si-Sr alloy at the intermediate ∆K regime (∼4-10.5 
MPa√m). However, there is a slight shift to lower crack growth rates at ∆K values below 
4 MPa√m and above 10.5 MPa√m. This drop in growth rate is about 40% on average. In 
other words, there is, on average, a 67% higher growth rate in the unhipped alloy as 
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fracture regime. Furthemore, the hipped material has ∼10% higher K
Q (i.e., K
max just 
before fast fracture) and near threshold ∆K
th values. However, comparison of the near 
threshold ∆K
th values should be treated with caution as the corresponding threshold 
crack growth rates are slightly higher for the hipped alloy as shown in Table 5.1. 
Furthermore, some scatter was observed for the near threshold growth rates of the 
hipped alloy when repeat tests were carried out as shown in Figure 5.2. Nevertheless, 
the trend discerned from the growth curves still suggests that a slight increase in ∆K
th 
after hipping is plausible. Although subtle, these observed improvements in crack 
growth resistance with hipping point to a possible role of porosity in crack growth 
propagation particularly near threshold and when approaching fast fracture regimes. In 
this context, it should be noted that the level of porosity in the Al7Si-Sr alloy before 
hipping was already reasonably low (see Figure 5.1). 
Table 5.1 Tensile and fatigue crack growth data for hipped and unhipped Al7Si-Sr and 
Al0.7Si alloys. 
Alloy  Pore Vol 
(%) 
YS 
(MPa) 
UTS 
(MPa) 
δ (%)  ∆K
th    (MPa√m)  K
Q 
(MPa√m) 
C 
(mm/cycle) 
m 
Hip Al7Si-Sr  0.01  110  192  2.5  3.5 (1.6x10
-7)
a  13.9  2.4x10
-9  4.9 
Unhip  Al7Si-
Sr 
0.04  107  186  1.49  3.1 (2.4x10
-8)  12.8  4x10
-9  4.7 
Hip Al0.7Si  0.03  130  212  2.9  3.2 (4.1x10
-7)  13.1  6x10
-9  4.1 
Unhip 
Al0.7Si 
0.26  124  180  1.45  3.0 (1.1x10
-7)  11.9  3.4x10
-9  4.8 
aValues in parenthesis are the corresponding crack growth rates for the near threshold ∆K (i.e., 
∆K
th). 
 
The fatigue crack growth curves (Figure 5.2) and collated growth data (Table 5.1) for 
the hipped and unhipped Al0.7Si alloy provide further support to this supposition on 
the role of porosity. Figure 5.2 shows that hipping reduces the crack growth rates by 
over 80% when approaching the fast fracture region at ∆K>10 MPa√m. This is non-
trivial as it translates to a 4-fold faster growth rate in the unhipped material. The drop 
in growth rates after hipping is somewhat lower in the near threshold and intermediate 
regimes (i.e. ∼40% at ∆K<4 MPa√m and between ∆K∼7 - 9 MPa√m). Furthermore, the 
improvement in K
Q and ∆K
th after hipping is comparable to that observed for Al7Si-Sr 
(i.e., about 7 and 10%, respectively). However, at a ∆K value of ∼5 MPa√m, the 
reduction in growth rate is only about 4%. This seems to be in tandem with 
observations in alloy Al7Si-Sr that suggest a reduced role of porosity at intermediate 
growth rate regimes although the range in ∆K values at which this occurs differs 
between the two materials. This difference may be attributed to the initial level of 
porosity in alloyAl0.7Si before hipping which was significantly higher compared to 
alloy Al7Si-Sr. 
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Figure 5.2 also shows that the hipped Al0.7Si alloy has lower growth rates throughout 
the ∆K range except just before final fracture where a lower K
Q value is recorded 
compared to that in the hipped Al7Si-Sr alloy. It is not clear why this alloy has a lower 
pseudo-fracture toughness than alloy Al7Si-Sr and yet it has a marginally higher 
ductility in the hipped state. Repeat tests for alloy Al7Si-Sr at 15 and 50 Hz resulted in 
similar crack growth behaviour. Furthermore, the repeat test at 50 Hz also confirmed 
that frequency does not have any effect on the RT fatigue crack growth of this alloy. 
However, frequency may affect the crack growth behaviour at high temperature due to 
creep effects as reported by Joyce et al. [7] for a similar material with 11.15%Si, 0.94% 
Cu and 0.96%Ni at 350
oC. Interestingly, no high temperature (350
oC) frequency effect 
was reported for an alloy with 11.22%Si, 3.1%Cu and 2.27%Ni, whose composition is 
more comparable to the current Al7Si-Sr alloy.  
 
SEM images (in SEI & BEI modes) of the fracture surfaces of the hipped Al0.7Si alloy at 
low (3.2 MPa√m), intermediate (6.7-7.4 MPa√m) and high ∆K (9.8-11 MPa√m) are shown 
in Figure 5.3. The BEI SEM images are particularly useful in showing the distribution of 
intermetallic particles on the fracture surfaces at various ∆K levels as shown in Figures 
5.3 b, d & f. At low ∆K, the images (Figures 5.3 a & b) show typical stage I-type 
crystallographic failure modes. There is also evidence of ductile failure of the Al matrix 
and brittle fracture of intermetallics. The dimpled ductile failure modes of the Al 
matrix are observed at regions near intermetallic particles suggesting possibe 
particle/matrix debonding mechanisms and/or small scale crack deflections around 
the intermetallic particles. The fracture surface characteristics at mid range ∆K are 
largely similar to those at low ∆K with cleavage type crystallographic failure modes of 
the Al matrix observed together with brittle failure of intermetallics (Figure 5.3 c & d). 
Dimpled fracture is also observed but the dimples seem to be of slightly large 
magnitude suggesting larger crack deflections compared to those at low ∆K. 
Furthermore, the surfaces of the Al matrix cleavage facets are smoother compared to 
those at low ∆K which appear rougher and feathery suggesting a possible role of 
precipitate structure on crack growth at low levels of ∆K. Brittle failure of intermetallics 
dominate at high ∆K (Figure 5.3 e & f) together with dimpled failure of the Al matrix. 
There is less evidence of crystallographic failure of the Al matrix at high ∆K. 
Furthermore, cracks can be seen on the fracture surfaces at all levels of ∆K suggesting 
possible small scale (aborted) crack bifurcations due to intermetallic particle failure 
ahead of the crack tip. Qualitatively, the proportion of intermetallics on the fracture 
surfaces is generally smaller at low ∆K compared to those at high ∆K as shown by the 
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as for Al0.7Si alloy as shown in Figure 5.4 except for the appearance of the Al-Si 
eutetic on the fracture surfaces.  
 
Furthermore, evidence of fretting due to a premature contact of crack surfaces at 
asperities was frequently observed for both alloys at various ∆K levels from near 
threshold to ∆K ~8 MPa√m. This can be seen in Figure 5.5 which also shows the 
presence of failed oxide particles on the fracture surface of Al0.7Si. In some cases such 
as Figure 5.5a, the fretting is seen to be adjacent to intermetallic particles which are 
likely to have caused the crack to deflect. Further evidence of this is provided in Figure 
5.6 for Al0.7Si where a sectioned profile from an interrupted test shows that the crack 
has deflected at intermetallics. This deflection together with a slight mismatch of the 
crack faces due to mode II shear displacement caused the asperities at the region of 
deflection to come into contact prematurely thus causing closure (i.e., roughness 
induced closure). 
 
Figures 5.7 and 5.8 show low magnification BEI SEM images of Al0.7Si and A7Si-Sr 
which provide a better overall assessment of the level of intermetallics on the fracture 
surface at different levels of ∆K. It is clear that the level of intermetallics on the 
fracture surface remains approximately the same from near threshold to mid ∆K. This 
is followed by a transition ∆K region (∼7-9 MPa√m) that shows increased appearance of 
intermetallics on the fracture surface. Qualitatively, the level of intermetallics seems to 
peak at ∼9 MPa√m for both alloys after which there is little siginificant change. The 
dimpled failure modes appearing at close proximity to fractured particles on the 
fracture surface suggest that the crack may have meandered around some particles 
(which may have been larger or unfavourably oriented for fracture to occur). Elongated, 
hard and stiff particles oriented parallel to the loading direction are likely to fracture 
more easily than large blocky particles or when aligned perpendicular to the loading 
direction [8]. 
 
The volume fraction (V
f) of the intermetallics appearing on the fracture surface at 
various ∆K levels for both alloys was measured on at least 5 BEI SEM images taken at a 
magnification of X500 using a combination of lineal and point fraction analysis. The 
values were then divided by the bulk volume fraction to obtain the preferentiality ratios 
of intermetallics on the fracture surface which are shown in Figure 5.9. The figure 
shows that the preferentiality ratio is low at near threshold and remains relatively low 
for both alloys up to ∆K∼7 MPa√m after which it increases rapidly with ∆K. Note that 
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corresponds to the region at which the level of intermetallics on the fracture surface 
seems to peak.  
 
Figure 5.10 shows exemplar optical images of the fracture surface crack profiles of 
alloy Al7Si-Sr at various ∆K levels. Detailed assessment of a number of images provided 
further evidence of crystallographic or faceted crack growth at low ∆K (Figure 5.10a) 
with few intermetallics and Si particles on the surface. The crack did not appear to 
preferentially seek out Si and intermetallics but passed through those that are directly 
on its path or in close proximity. Several of the Si particles adjacent to the crack path 
appear to be fractured. At mid ∆K (Figure 5.10b), there is an increased tendency for the 
crack to seek out Si and intermetallics particles which causes the crack profile to 
appear rougher than that at low ∆K. However, intradendritic failure is still observed. 
Further evidence of this is seen in Figure 5.11 where the crack is seen to meander as it 
seeks out fractured or debonded particles which appear generally small in size. 
However, large particles are also seen to have fractured ahead of the crack tip and are 
likely to determine the direction of the crack as it propagates. The crack is exclusively 
interdendritic as it primarily seeks out Si and intermetallic particles at high ∆K (Figure 
5.10c). This inevitably results in large crack deflections. It is therefore anticipated that 
the fracture surface roughness should increase with ∆K and should particularly be 
higher at high ∆K. This is confirmed by surface roughness assessments in Figure 5.12 
which were obtained using MeX. Figure 5.12 indicates that the root mean square 
height (R
q) obtained after filtering out the low frequency deflections (i.e., large scale 
deflections) increases with ∆K and is generally higher for alloy Al7Si-Sr compared to 
Al0.7Si except at mid ∆K where it is comparable for both alloys. The trend is the same 
for the ratio of the true fracture surface area to the projected area (A
r). The 3D surface 
profiles of the fracture surfaces at various ∆K values (obtained using MeX) are also 
given in Figure 5.13. Figure 5.13 clearly shows that the magnitude of the local crack 
deflections increases with ∆K. 
5.4  Discussion 
The fatigue crack growth curves presented in Figure 5.2 suggest that hipping or rather 
the level of porosity does reduce the growth rate of long cracks at near threshold and 
at high ∆K in both Al7Si-Sr and Al0.7Si alloys. The role of porosity in enhancing fatigue 
crack propagation has also been previously reported by Chan et al. [9] and Rading et 
al. [10]. Figure 5.1 shows that the pores in alloy Al0.7Si are irregularly shaped with 
sharp curvature radii. If such pores are located ahead of the advancing crack, initiation 
of microcracks at the sharp edges of the pores is likely to occur ahead of the crack tip T.O. Mbuya                          Chapter 5: Micromechanisms of long fatigue crack growth 
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due to higher local strains [9, 10]. The crack tip will then be attracted to and 
accelerated by the pores. Furthermore, when the crack reaches the pores, there is 
likely to be a local intermittent jump in the crack front by an amount equal to the pore 
dimension in the plane of the crack. Moreover, if a secondary crack had already formed 
ahead or around the pore, this will further increase the crack length and overall crack 
growth. These processes are likely to be more prevalent at higher ∆K (e.g. approaching 
the fast fracture region) thus explaining the greater apparent effect of porosity levels 
at this part of the crack growth curve. The large plastic zone at these ∆K levels engulfs 
a higher proportion of microstructure features which are more likely to fail ahead of 
the crack. If more porosity is located within the plastic zone, it is likely to result in a 
higher degree of damage and provide a favourable path for crack growth.  
 
Near threshold, local damage processes which are dominated by microstructural 
effects (such as porosity) control the rate of crack advance. Padkin et al. [11] report 
that the crack is likely to be attracted towards low stiffness phases (such as pores) and 
avoid or be deflected away from phases that are stiffer than the matrix (e.g., Si and 
intermetallic particles). The higher level of porosity in the unhipped Al0.7Si alloy is 
likely to increase the probability of pores located along the plane of the crack or 
adjacent to it and therefore influence its growth. At mid ∆K, the crack growth rate is 
more averaged over the crack front such that local damage events may not 
significantly affect overall crack growth and the development of microcracks in the 
crack tip process region has not yet started. This explains to some extent the reduced 
effect of hipping on crack growth rate at mid ∆K for both alloys. The effect of hipping 
is less marked in Al7Si-Sr because the level of porosity in the unhipped material was 
already quite low as shown in Figure 5.1a. Furthermore, although, this is not readily 
apparent in Figure 5.1a, there is a tendency for Sr-modified alloys to preferentially 
form spherical pores rather than the irregularly shaped pores observed in unmodified 
alloys [12]. Small spherical pores are less likely to enhance crack growth rate but may 
instead cause retardation due to crack blunting as the crack may need to re-initiate 
after encountering such a pore [10]. 
 
The changes in the intermetallic preferentiality of the crack with ∆K for these alloys has 
been extensively discussed by Moffat and co-workers [13, 14]. However, an overview of 
the operating mechanisms will be provided taking into consideration the additional 
evidence presented in section 5.3. At low ∆K, the fatigue crack does not seem to 
preferentially seek out Si and intermetallic particles as shown by the SEM images in 
Figures 5.3, 5.4, 5.7 and 5.8. Figure 5.9 actually shows preferentiality ratios of less 
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to avoid the stiffer intermetallics at low ∆K which agrees with Padkin et al’s [11] 
assertion that at low ∆K, the crack deflects away from particles that are harder (and 
stiffer) than the matrix. However, because of the interconnected nature of the 
intermetallics in these alloys, some particle failure via debonding or fracture is 
inevitable for crack advance to be possible as seen in Figure 5.3, 5.4 and 5.10a. 
Nevertheless, fewer intermetallic particles are engulfed within the small plastic zone at 
this low ∆K such that the probability of particle failure ahead of the crack tip is low. 
The preferentiality ratio remains low for both alloys up to around ∆K∼7 MPa√m after 
which it rapidly increases and peaks at ∆K∼9 MPa√m where a large proportion of 
intermetallics appear on the fracture surface. This transition has previously been 
reported by Gall et al., [15, 16] which they attributed to a change in the failure 
mechanism of hard particles (Si and intermetallics) from debonding at low ∆K to 
fracture at high ∆K. They observed that the transition occurred at ∆K levels of around 
5.4 to 6.3 MPa m
1/2 in the Sr-modified A356-T6 alloy they investigated. Detailed 
examination of optical and SEM images (Figure 5.10 and 5.11) together with 3D SRCT 
volumes of interrupted tests at low and mid ∆K indicated that both mechanisms of 
particle debonding and fracture operate even at low to mid ∆K levels for these alloys. 
 
At high ∆K, the large plastic zone size samples a large number of Si and intermetallic 
particles which are likely to fracture ahead of the crack tip via a combination of fatigue 
and static failure modes [16]. The crack preferentially seeks out these damaged 
regions as they provide an energically favourable path. This causes large deflections on 
the fracture surface as confirmed in Figure 5.10c and 5.12. Although particle failure 
ahead of the crack tip at all levels of ∆K provide a weak path for crack advance and is 
likely to accelerate crack growth, the inevitable deflection of the crack due to these 
particles provide a concomitant crack retardation effect. The deflection of the crack 
away from the favoured mode I direction reduces the effective ∆K and thus retards 
crack growth [17]. The deflections also cause a rough fracture surface as shown by the 
crack profile images in Figure 5.6, 5.10, 5.11 & 5.13 and the roughness data in Figure 
5.12. The fracture surface deflections together with slight mode II shear displacements 
cause crack surface asperities to come into contact prematurely causing roughness 
induced crack closure. Oxide generation due to fretting may also activate oxide 
induced crack closure. Evidence of crack asperity contact due crack deflection is shown 
in Figure 5.6 and, although less apparent, in Figure 5.11. There is ample evidence of 
fretting in Figure 5.4 and 5.5 at low to mid ∆K but none at high ∆K. This is expected as 
the crack opening levels at high ∆K are too high and growth rates too fast for oxide 
induced crack closure to develop. 
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It is important to note here that several instances of small and large crack bifurcations 
were frequently observed in 3D SRCT volumes of interrupted tests at both low and mid 
∆K. 3D characterisation of the fatigue crack growth behaviour is ongoing but Figure 
5.14 provides typical examples of the role of intermetallics on crack deflection and 
bifurcation. Note the large bifurcation in Figure 5.14b. Some of the small scale 
bifurcations are also clearly observed in Figure 5.6 and 5.11. 
5.5  Conclusions 
The fatigue crack growth behaviour in hipped and unhipped model cast aluminium 
piston alloys with hypoeutectic Si compositions of 6.9% and 0.67% was investigated. 
The micromechanisms of fatigue crack growth were also characterised in detail. The 
results show that hipping reduced porosity from 0.26% to 0.03% in the low Si alloy and 
from 0.04% to 0.01% in the high Si alloy, with increase in ductility by 100 % and 68%, 
respectively. However, improvements in YS and UTS were marginal. The hipped alloys 
showed improved fatigue crack growth resistance particularly at near threshold and at 
high ∆K. Growth reductions of up to 80% are observed for Al0.7Si at high ∆K while on 
average 40% are observed at near threshold and in Al7Si-Sr at both low and high ∆K. 
No significant improvement was observed at mid ∆K for both alloys. This reduction in 
crack growth rates due to hipping was attributed to the role of pores in accelerating 
crack advance due to increased damage ahead of the crack tip.  
 
Analysis of the crack path profiles and fracture surfaces showed that the crack tends to 
avoid Si and intermetallic particles at low ∆K levels up to a ∆K level of ∼7 MPa√m. 
However, some particles do fail ahead of the crack tip to facilitate crack advance due to 
the interconnected microstructure of these alloys. At higher levels of ∆K, the crack 
increasingly seeks out Si and intermetallic particles up to ∼9 MPa√m after which the 
crack prefers to propagate mainly through these intermetallic particles. It was also 
observed that crack interaction with intermetallics caused crack deflections which may 
result in roughness induced crack closure and oxide induced crack closure at low to 
mid ∆K. However, crack closure is unimportant at high ∆K due to the higher attendant 
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Figure 5.1: SRCT images showing the effect of hipping on porosity in Al7Si-Sr (a & b) 
and Al0.7Si (c & d).  
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Figure 5.2: RT long fatigue crack growth behaviour of hipped and unhipped Al7Si-Sr 
and Al0.7Si alloys.  T.O. Mbuya                          Chapter 5: Micromechanisms of long fatigue crack growth 
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Figure 5.3: SEM images (SEI & BEI) of the fracture surfaces of alloy Al0.7Si at ∆K values 
of (a & b) 3.2 MPa√m, (c & d) 6.7-7.4 MPa√m and (e & f) 9.8-11 MPa√m.   
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Figure 5.4: SEM images (SEI & BEI) of the fracture surfaces of alloy Al7Si-Sr at ∆K values 
of (a & b) 3.5-3.8 MPa√m, (c & d) 6.7-7.3 MPa√m and (e & f) 10.1-10.8 MPa√m. 
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Figure 5.5: BEI SEM images of the fracture surfaces of (a) Al7Si-Sr and (b) Al0.7Si 
showing evidence of fretting in both alloys and failed oxide particles in Al0.7Si alloy.  
 
 
Figure 5.6: SEI SEM image of the crack profile of alloy Al0.7Si at mid ∆K of ∼6 MPa√m. 
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Figure 5.7: Low magnification SEM image (BEI) of alloy Al0.7Si showing the level of 
intermetallics on the fracture from near threshold ∆K to final fracture.  T.O. Mbuya                          Chapter 5: Micromechanisms of long fatigue crack growth 
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Figure 5.8: Low magnification SEM image (BEI) of alloy Al7Si-Sr showing the level of 
intermetallics on the fracture from near threshold ∆K to final fracture.  
 
 
Figure 5.9: The preferentiality ratios of intermetallics on the fracture surfaces of both 
Al7Si-Sr and Al0.7Si at various levels of ∆K. T.O. Mbuya                          Chapter 5: Micromechanisms of long fatigue crack growth 
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Figure 5.10: Exemplar optical images of the crack profiles of alloy Al7Si-Sr at various 
∆K-levels. The crack profile has been systematically examined. 
 
 
Figure 5.11: BEI SEM image of a section through an arrested crack in alloy Al7Si-Sr at 
mid ∆K level showing crack interaction with intermetallics and fractured particles ahead 
of the crack tip. 
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Figure 5.12: Variation of the R
q (root mean square roughness) and A
r (ratio of the true 
fracture surface area to its projected area) with ∆K for Al7Si-Sr and Al0.7Si alloys.  
 
 
Figure 5.13: The 3D surface profiles of the fracture surfaces at various ΔK values 
(obtained using MeX) for Al7Si-Sr and Al0.7Si alloys. Note that the different colours 
represent different elevations in the images. T.O. Mbuya                          Chapter 5: Micromechanisms of long fatigue crack growth 
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Figure 5.14: SRCT images of the crack profile of Al7Si-Sr at (a) ∆K ∼7.6 MPa√m showing 
crack deflections due to a large intermetallic network and (b) ∆K ∼4.5 MPa√m showing 
crack deflections & large bifurcations. Similar features were observed in other regions 
of the SRCT volumes for both alloys from low to mid ∆K of ∼8 MPa√m. 
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Chapter 6  Micromechanisms of short 
fatigue crack growth 
6.1  Introduction 
The previous results by Moffat [1] indicated that the short crack growth behaviour of 
unhipped Al0.7Si alloy was significantly influenced by the presence of porosity to the 
extent that multiple crack formation at pores and subsequent short crack coalescence 
was a common feature. Moreover, subsurface cracking was also observed in this alloy 
using SRCT imaging which was associated with porosity. Such subsurface cracks are 
difficult to monitor or measure via surface observation and/or acetate replication. In 
contrast, the hipped version of this alloy has been found to contain significantly low 
levels of porosity as discussed in Chapter 3. It is thus anticipated that significant 
differences exist between its short crack behaviour as opposed to the unhipped 
version. Although the intermetallic structure of this alloy is not much affected by 
hipping (see Chapter 3), the absence of porosity may result in different crack-
microstructure interactions. Moreover, the effect of grain boundaries on short crack 
growth behaviour was also investigated in this study using Electron Backscatter 
Diffraction (EBSD) results obtained in collaboration with Prof. Rachel Thompson’s 
research group at Loughborough University [2].  
 
Furthermore, although previous work on unhipped Al7Si-Sr alloy did not show pore 
induced short crack growth behaviour, the author [1] observed significant interactions 
between the crack and eutectic Si structures. It has been shown in this study (see 
Chapter 3) that the Si particle size and shape distribution is significantly transformed 
after hipping. It is therefore expected that this Si particle transformation may translate 
to profound differences in the short crack growth micromechanisms. This chapter 
therefore presents results obtained from a short crack growth study of the hipped 
versions of Al0.7Si and A7Si-Sr alloys at room temperature which are then compared 
with Moffat’s [1] results on the unhipped alloys. T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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6.2  Experimental methods 
6.2.1  Specimen preparation and testing 
Short crack fatigue tests were performed using 12x12x80 mm plane bend bar 
specimens. As indicated in previous chapters of this report, all specimens (hipped and 
unhipped) were sectioned from the central portion of each piston crown and aged at 
260˚C for 100 hours prior to testing to simulate in-service thermal exposures. The 
surface of interest for each specimen was also polished to ~0.05 µm to allow free 
initiation from microstructure features and facilitate accurate monitoring of the crack-
microstructure interactions. The edges of the specimens were also rounded off 
through grinding and polishing to 0.25 µm to minimise the possibility of initiation 
from machining marks on the edges especially for specimens fabricated via milling. 
However, some of the specimens were prepared using electric discharge machining, 
which is one of the recommended methods of specimen preparation for minimal near-
surface residual stresses (see Appendix X3 of the ASTM E647-00 standard). 
Nonetheless, the edges of all specimens were rounded off and polished for consistency 
and also to suppress possible preferential crack initiation at the otherwise sharp 
edges.  
 
All the tests were carried out at room temperature in four point bend with a span of 15 
mm on a servohydraulic Instron 8502 machine at a load ratio of 0.1 using a sinusoidal 
waveform of 15 Hz. The specimen loading geometry was as illustrated in Figure 3.2 (b) 
except for the specimen dimensions. For all specimens tested, the maximum applied 
loads induced near-surface tensile stresses which were above the 0.2% proof stress of 
the material. The near-surface tensile region of the specimens was therefore plastically 
deformed although the bulk of the specimen remained elastic. Limited finite element 
(FE) calculations were carried out in ABAQUS (in collaboration with Katherine Soady) to 
determine the stress and strain distributions at the region of maximum bending 
moment. The FE calculations were based on monotonic uniaxial tensile stress-strain 
data as the material model, assuming isotropic hardening behaviour, applied to the 
appropriate bend bar geometry. The models were meshed using C3D20R elements 
ensuring that results were independent of mesh density. Due to lack of time, the FE 
calculations were limited to the hipped Al0.7Si specimens and the results were used 
for K calculations for this alloy. For the hipped Al7Si-Sr alloy specimens, the 
maximum stress was approximated by comparing actual strain on the specimen 
surface (obtained via strain gauges) with the corresponding stress on the tensile 
stress-strain curve.  
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The growth of naturally initiated fatigue cracks was monitored by periodically 
interrupting the test and taking acetate replicas of the polished tensile top surface of 
the specimens at the region of maximum stress (which is illustrated in Figure 3.2 (b)). 
This method of crack monitoring is discussed in detail by Swain [3] amongst other 
crack monitoring techniques described in the same volume. The intervals at which 
acetate replicas were varied from test to tests and even within a given test. This 
flexibility was deemed necessary so as to allow close monitoring of interesting crack-
microstructure interactions. 
 
In the current study, several cracks in two specimens were characterised in the hipped 
Al7Si-Sr alloy. Both specimens were tested under similar loading conditions of a 
maximum stress and strain of 148 MPa and 0.85, respectively. However, one specimen 
was loaded to failure at 125141 cycles while the other was stopped just before failure 
at 94000 cycles. On the other hand, three specimens were tested for the hipped 
Al0.7Si alloy at different maximum stresses of 197 MPa ((~152% YS), 176 MPa ((~135% 
YS) and 168 MPa (~129% YS). The specimen loaded at 
max =168 MPa was stopped at 
353000 cycles while the other two were tested to failure at 142967 and 30657 cycles 
for maximum stresses of 176 and 197 MPa, respectively. Moreover a repeat test was 
carried for the unhipped Al0.7Si alloy at a maximum stress and strain of 138 MPa 
(~110% YS) and 0.61, respectively. (Note that the stress and strain values for this test 
were estimated using the strain gauging method.) This test was carried out to assess 
repeatability of the results reported by Moffat [1] and therefore provide sufficient 
confidence for comparison with the results for the hipped alloys investigated in this 
work. The original aim was to conduct the test at similar loading conditions to the 
previous work (
max=132 MPa (106% YS) and 
max=0.55) but the sample was slightly 
overloaded during the 1
st loading cycle and therefore the test loads were adjusted 
upwards to circumvent overload effects. This repeat test was stopped at 35000 cycles. 
Table 6.1 shows all the short crack testing parameters for both Al0.7Si and Al7Si-Sr 
alloys including those used in the previous work [1] for the unhipped alloys. 
 
Moreover, 3D SRCT scanning was also carried out on selected secondary cracks for 
each hipped Al0.7Si and Al7Si-Sr alloy. The specimens containing these cracks were 
sectioned from S-N samples fatigued to failure since the short crack tests had not been 
carried out at the time of SRCT imaging. The 2x2x10 mm
3 match stick samples were 
scanned at ESRF’s ID19 beamline with X-ray beam energy of 20 keV to obtain an 
isotropic voxel resolution of 1.4 m. The reconstructed volumes were further analyzed 
using VG Studio Max 2.0 and ImageJ. 
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Table 6.1 Short fatigue crack growth loading conditions and cycles to failure. 
Alloy (& Specimen No.)  
max (MPa)  ~N
i   N
f  ~N
i/N
f (%) 
HIP Al0.7Si (1)  168  <1000  353000 (stopped)  <1% 
HIP Al0.7Si (2)  176  <1000  142967  <1% 
HIP Al0.7Si (3)  197  <1000  30567  <3% 
Al0.7Si (repeat)  138  <1000  35000 (stopped)  <3% 
Al0.7Si (ref. [1])  132  2000  67580  3% 
HIPAl7Si-Sr (1)  148  <100  94000 (stopped)  <1% 
HIPAl7Si-Sr (2)  148  <100  124523  <1% 
Al7Si-Sr (ref. [1])  170  5000  45252  11.0 
 
6.2.2  Analysis of short crack growth data 
The growth of several naturally initiated fatigue cracks on each specimen was 
investigated by examining the acetate replicas under an optical microscope (an 
Olympus BH-2 microscope with a Prosilica GE1350 camera). Optical images of the 
cracks on the replicas at various stages of the fatigue loading history were taken and 
crack length measurements carried out using ImageJ. The crack growth data was 
analysed using the secant method to obtain da/dN values at various ∆K values 
calculated using the solution recommended by Scott and Thorpe [4]. The shape of the 
crack was approximated to be semi-circular based on SRCT image analysis of 
secondary cracks by Moffat [1] and in the current study. The ratio of a/c (ratio of crack 
depth to half of its surface length) was therefore approximated to be equal to unity. 
The SRCT analysis by Moffat [1] indicated that this ratio is approximately 1.07 for 
unhipped Al7Si-Sr. Current SRCT analysis of a secondary crack on an S-N test specimen 
indicates that a/c is  1.05 for the hipped Al7Si-Sr alloy. The semi-circular crack shape 
approximation is therefore fairly consistent with experimental evidence. Current SRCT 
analysis of a secondary crack indicates that the a/c is approximately 0.8 for hipped 
Al0.7Si alloy. No values were reported by Moffat [1] for the unhipped alloy although the 
author used a value of unity in ∆K calculations. A value of unity was therefore adopted 
in the current study for the hipped Al0.7Si alloy for consistency and to allow 
comparison of crack growth rate curves. Moreover, the difference in ∆K resulting from 
the use a/c = 1 instead of 0.8 was evaluated and found to be 4%. 
6.2.3  Analysis of short crack-microstructure interaction 
The micromechanisms of short fatigue crack growth were investigated by examining 
the interaction of short fatigue cracks with microstructural features in the interrupted 
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targeted were intermetallics, Si particles, grain boundaries (gbs) and even porosity. 
This investigation was carried out through optical microscopy and SEM analysis 
coupled with phase analysis and grain boundary mapping using EDX and EBSD. 
Moreover, as already mentioned, a limited SRCT analysis was carried on secondary 
cracks from selected S-N specimens. A more comprehensive SRCT study of the replica 
monitored cracks is planned (as an extension of this study) to provide a reasonable 
approximation of the 3D history of crack growth and its interaction with microstructure 
in the bulk.  
 
Grain boundary mapping and selected phase analysis was carried in collaboration with 
Prof. Rachel Thompson’s group in Loughborough University. Details of the phase 
analysis and grain boundary mapping along the crack profile carried out in 
Loughborough University are presented in Gu’s report [2]. It should be noted that this 
part of the study is still in progress. However, preliminary results on the effect of grain 
boundaries on the growth of short cracks in the hipped Al0.7Si alloy will be presented 
in this report. A similar investigation for the hipped Al7Si-Sr is underway and therefore 
incomplete. 
6.3  Results 
6.3.1  Short crack growth data 
6.3.1.1  Al0.7Si alloy 
The fatigue crack growth data for the hipped and unhipped Al0.7Si alloys is presented 
in Figure 6.1. Note that the data point markers have been removed to provide some 
clarity to the growth rate curves. Moreover, several cracks were analysed for each 
specimen and one colour has been assigned to the trend lines of all cracks from any 
given specimen. Though significantly cluttered, it is clear from the data that there is 
significant scatter in the short crack growth data for both the hipped and unhipped 
Al0.7Si alloy which includes frequent crack growth retardations and even arrest. Note 
that zero growth rate data points were frequently recorded but these were assigned a 
value of 10
-7 mm/cycle to facilitate plotting on the logarithmic scale. The figure also 
clearly shows that short crack growth is generally much higher than the corresponding 
long crack growth for any given value of ∆K. Moreover, the short cracks grow even at 
∆K values far below the corresponding ∆K
th for long cracks. 
 
To clearly expose other short crack growth trends for this alloy (Al0.7Si), the data in 
Figure 6.1 has been split into several figures. Figure 6.2 shows a comparison of 
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during the current study for the unhipped version of this alloy. It is interesting to note 
that the data compares quite well even with the significant scatter observed in both. 
The only major difference discernible is the slight shift of the lower bound crack 
growth rates in the repeat test to higher values. The occasional complete crack arrest 
observed in previous work was not observed in the repeat test but frequent crack 
growth retardation events are clearly observed in both. The difference in the lower 
bound growth rates could be attributed to the slightly higher maximum stress used in 
the repeat test. Similar stress effects have previously been observed by Caton et al. [5] 
in a 319-type cast alloy. More distinct stress effects on short crack growth were 
observed in the results obtained from the three tests conducted at different stress 
levels in the hipped version of the alloy as shown in Figure 6.3. The figure clearly 
shows that the crack growth rates are generally shifted to higher values with increase 
in maximum stress from 168 MPa (curves in black) to 176 MPa (green curves) and 
subsequently to 197 MPa (red curves). Moreover, although complete crack arrest 
events are observed in the lowest stressed alloy, only crack growth retardations are 
observed in the cracks on the specimens with higher stresses. 
 
The observed influence of stress implies that the effect of hipping on the growth of 
short cracks in this alloy should ideally be evaluated at equivalent stress levels. 
Nevertheless, the results presented in Figure 6.4 do show that hipping improves the 
resistance to crack growth since the tests on unhipped specimens were carried out at 
much lower stresses (see Table 6.1) and yet they exhibit generally higher growth rates. 
Moreover, the hipped crack growth data in this figure shows a certain level of 
periodicity in crack growth retardation which is not clearly apparent in the unhipped 
data. This periodicity is shown more clearly in Figure 6.5 in which a few selected 
curves are presented. What is of most interest is that this periodicity is observed at 
both tips of the crack analysed for the specimen stressed at 168 MPa. This is discussed 
further in Section 6.3.2 in concert with crack growth micromechanics. 
6.3.1.2  Al7Si-Sr alloy 
Figure 6.6 shows the short crack growth data for the hipped and unhipped Al7Si-Sr 
alloy together with the corresponding long crack growth data for comparison. The 
figure clearly shows that typical classical short crack growth behaviour is also observed 
in this alloy as with Al0.7Si alloy just discussed. The short crack growth rates are 
generally much higher than the corresponding long crack growth rates at 
corresponding values of K. Moreover, significantly high growth rates are observed 
even at K values below the corresponding K
th for long cracks. Frequent crack growth 
retardation and arrest events are also observed especially for the hipped specimen that T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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was tested to failure (growth rate curves in green). However, crack arrest events were 
not observed for the interrupted test for the hipped alloy although the loading 
conditions were similar to the one tested to failure. This observation may be attributed 
to the crack observation (replication) intervals chosen during testing. Acetate 
replication for the specimen tested to failure was taken mostly at 1000 cycle intervals 
after the first 50000 loading cycles while 5000 cycle intervals were used (mostly) for 
the interrupted test.  
 
Figure 6.6 also shows that the short crack growth rates for the hipped alloys are 
generally lower compared with those for the unhipped alloy. However, the unhipped 
alloy specimen was tested under slightly higher maximum stress and strain of 
max=170 
MPa (159% YS) and 
max=1.1. This specimen failed after 45252 cycles as opposed to 
125141 cycles for one of the hipped specimens. The slightly higher growth rates for 
the unhipped alloy may therefore be attributed to the higher applied stress.  
 
Similar to the observations in the hipped Al0.7Si alloy, the crack growth retardation 
observed in the hipped Al7Si-Sr specimens also exhibit a certain degree of periodicity 
as shown in Figure 6.7 for both specimens. Both tips of each crack are represented by 
dashed lines while the overall crack growth curves are represented by solid lines. 
6.3.2  Micromechanisms of short crack growth  
6.3.2.1  Al0.7Si Alloy 
Most fatigue cracks observed in this investigation for the hipped alloys were found to 
initiate early (<1000 cycles) from either cracked or debonded intermetallic particles 
except for one case in which a fatigue crack was seen to initiate from a small pore as 
shown in Figure 6.8. This particular specimen was tested at 
max= 197 MPa and 
exhibited significant crack coalescence. Final failure was due to the coalescence of at 
least 4 major cracks. For the hipped Al0.7Si alloy specimen loaded at 
max=168 MPa, 
one major crack was thought to have initiated from a debonded intermetallic particle 
when observed under an optical microscope and SEM as shown in Figure 6.9. However, 
EBSD analysis indicated that this crack actually originated from a combined particle 
debonding and grain boundary decohesion as indicated in Figure 6.10. Figure 6.10 
also shows that the propagation of one tip (tipA) of the crack is both transgranular and 
intergranular (Fig. 6.10c) with significant interaction with intermetallics as shown in 
(Fig. 6.10a & b). It seems that when the crack appears to be interdendritic in Figure 
6.10a & b, it is actually mostly intergranular as shown by the EBSD grain boundary map 
in Figure 6.10c. The loading cycles at selected stages of crack growth are indicated 
along the crack profile in units of 1000 cycles (in red). It is clear that most of the T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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fatigue life is consumed during the early stages of crack growth. Note that crack 
retardation events can be clearly identified in this figure and are seen to be mainly 
associated with grain boundaries and intermetallics during the early stages of crack 
growth (for example, compare 6.10a & c at about 235000 to 265000 loading cycles). 
 
To explore the crack growth retardation periodicity observed for this crack, the growth 
rate of individual tips was calculated and presented in terms of the corresponding 
loading cycles as well as K as shown in Figure 6.11. By comparing the retardation 
events observed in this Figure with the corresponding locations in Figure 6.10, it can 
be seen that these are mainly associated with crack interaction with grain boundaries. 
The interaction of tipB of the same crack with intermetallics and grain boundaries was 
also investigated and is shown in Figure 6.12. Crack growth is again observed to be 
both intergranular and transgranular. However, in this case, interdendritic crack 
growth within individual grains can be observed. By comparing Figure 6.12 with Figure 
6.13, it can be seen that most retardation events (and therefore the periodicity in 
growth rates) are associated with grain boundaries or intermetallics which are co-
located with grain boundaries. The exception seems to be the retardation observed 
after 170000 to 180000 cycles. However, intermetallics can be seen located at this 
point which implies that it is an interdendritic boundary and therefore may have other 
intermetallics beneath the surface which may have contributed to the retardation. 
 
A close examination of the nature of interaction of the short crack with intermetallics 
shows that the cracks tend to propagate along the particle/Al matrix interface. 
However, propagation through fractured particles is also frequently observed but this 
tends to be at the locations where the particles are either adjoining each other 
(possibly particle/particle debonding) or where the particle thickness is small (at least 
on the surface) and aligned normal to the crack plane. This is clearly shown in the 
representative high magnification SEM images shown in 6.14. The images were taken 
from approximately equivalent locations of both crack tips with K values starting from 
just below 3 MPam at the left hand side of each image. 
 
The micromechanisms of short crack growth for the unhipped Al0.7Si repeat specimen 
was significantly controlled by porosity and exhibited multiple coalescence events due 
to multiple fatigue crack initiation at pores along the crack profile. In some cases, 
cracks as many as 7 could be observed to coalesce during crack growth. There were 
also several cases of crack-pore interactions with microcracks emanating from the 
sharp corners of the pores especially if these corners were oriented towards the 
nominal crack growth direction (i.e. perpendicular to the loading direction). However, T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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there were occasional events in which cracks could still be seen originating from sharp 
corners of pores which were oriented parallel to the loading direction. The short cracks 
were also observed to be both interdendritic and intradendritic but with a higher 
propensity for interdendritic crack growth and along particle/Al matrix interfaces. EBSD 
analysis was not carried out for this specimen and it is therefore difficult to ascertain 
the effect of grain boundaries especially on the pore-crack interactions or the overall 
crack-microstructure behaviour. Figure 6.15 provides typical examples of some of 
these observations. 
 
Figures 6.16 and 6.17 show SCRT images that clearly show the crack-microstructure 
interaction of a secondary short fatigue crack selected from a hipped Al0.7Si S-N 
specimen (loaded at 
max = 144 MPa and 
max =0.58) which failed after 158934 cycles. 
An SRCT slice animation of this crack in given in Appendix 6A.1 which is provided as a 
PowerPoint file. These images and the animations indicate that the crack path is 
significantly influenced by the bulk intermetallic structure. It can for example be noted 
that the sharp deflection of the crack on the left in Figure 6.16 is due to an 
intermetallic particle that extends beneath the surface as shown in the SRCT images. 
This crack deflection can easily be mistaken to be a consequence of crystallographic 
growth. The slices also suggest that the crack prefers to propagate through the 
particle/Al matrix interfaces although cases of particle fracture (or particle/particle 
decohesion) are observed as well. Moreover, Figure 6.17 shows that the intermetallic 
structure is less dense to the right hand side of the image and is aligned in a distinct 
pattern. The crack seems to have grown more easily towards this region than towards 
the left side where the particles are more densely packed. 
 
It is however not clear whether grain boundaries are also contributing to the bulk crack 
growth behaviour. A 3D characterisation that includes bulk grain boundary 
characterisation and the intermetallic structure can provide valuable 3D information on 
their competing influence on crack growth micromechanisms. 
6.3.2.2  Al7Si-Sr Alloy 
Fatigue cracks in this alloy were observed to initiate from intermetallic particles within 
the first 100 cycles in both specimens investigated as illustrated in Figures 6.18 to 
6.22. Figures 6.18 and 6.19 show a fatigue crack forming from a debonded Al
9FeNi 
particle. A replica taken at 10 cycles actually shows that debonding was already in 
progress although it clearly did not occur during the first cycle as shown in Figure 
6.18. The crack is ~60 µm by 1000 loading cycles and ~110 µm at 5000 cycles after 
which it is retarded (compare with the crack position at 10000 cycles). It is clear that T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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retardation occurs at both tips although the left tip seems to have already grown past 
the eutectic region after 5000 cycles as shown by the optical and SEM images in Figure 
6.19. It is possible that this tip may have encountered a grain boundary. However, 
EBSD investigation is required to confirm this speculation. The retardation at the right 
tip could however be attributed to the resistance provided by the intermetallics and Si 
particles encountered by the crack at this point. 
 
Figures 6.20 to 6.22 show another set of cracks that initiated in the same specimen. 
The multiple cracks which are seen to occur at close proximity to each other in Figure 
6.20 do indeed eventually coalesce at later stages of crack growth as shown later in 
Figure 6.24 (a). Figures 6.21 and 6.22 show optical and SEM images of these initiation 
sites where it is clear that most of these cracks occurred via fracture of Al
9FeNi 
particles. However an Al
2Ni(CuSiZrFeMg) particle can be seen at one of the initiation 
sites in Figure 6.22 (b). A replica taken at 110 cycles shows that debonding of this 
particle occurred simultaneously with the adjacent Al
9FeNi particle. An interesting 
observation in Figures 6.21 and 6.22 is that there is significant damage at the eutectic 
regions where cracks (or slip bands) can be seen emanating from Si and intermetallic 
particles. However, most of the Si particles seem to preferentially debond rather than 
fracture. This observation is elucidated further in the higher magnification optical 
images shown in Figure 6.23 which were taken from locations fairly remote from the 
crack origins. Keeping this in mind, it is therefore not surprising to observe in Figures 
6.21 to 6.23 that the crack preferentially propagates through the Si/Al interface when 
it does encounter Si particles within the eutectic region or along its periphery. 
 
Figure 6.24 (a) shows the full profile of cracks A and B shown in Figure 6.20 when the 
test was stopped (at 94000 cycles). Both cracks are seen to have fully coalesced by this 
time with significant damage being observed at the coalescence region. Replica 
records indicated that the monotonic plastic zones of these cracks overlapped after 
only 20000 cycles and actual crack tip overlap occurred after 45000 cycles although 
uncracked ligaments are still observed even after 94000 cycles as shown more clearly 
in Figure 6.25 (a). Crack coalescence provides significant challenge in K calculations 
due to the presence of these uncracked ligaments as well as the uncertainty of on the 
actual crack shape. However, K was estimated based on previous reports [6] that 
recommend treating the two cracks as fully coalesced as soon as their monotonic 
plastic zones overlap. A comparison of the growth rates of different cracks in the two 
specimens tested for this alloy indicated that the growth rates of coalescing and non-
coalescing cracks fell within the same scatter band.  
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The growth rates of the individual outer tips (Atip1 & Btip2) of the coalesced crack 
were calculated and presented in terms of the corresponding loading cycles as well as 
K as shown in Figure 6.24(b) and (c). The growth rate retardation points along the 
crack profile were then identified by comparing Figure 6.24(a) with Figures 6.24(b) and 
(c). It is evident from this comparison that crack growth retardation was mainly 
associated with crack-microstructure interaction at the eutectic regions. This 
observation is confirmed in Figures 6.26 and 6.27 which present a similar analysis for 
two other cracks of this alloy selected from each of the two specimens tested. One of 
the few exceptions is the crack growth retardation seen to have occurred after ~85000 
cycles. This occurred at the large unusual crack deflection within the α-Al matrix along 
the crack tip on the right (i.e. Btip2). A higher magnification SEM image of this region 
in Figure 6.25(b) shows that the deflection cannot be entirely attributed 
microstructural features. However, the retardation could in itself be associated with the 
deflection since its magnitude may be enough to cause a drop in the actual mode I 
crack tip K. Similar deflections, but of smaller magnitude, are also observed at crack 
retardation events at 20000 and 50000 cycles. However, these are clearly associated 
with crack interaction with eutectic regions. 
 
The large crack deflection at 85000 cycles could be partly explained in terms of slip 
band cracking as illustrated Figure 6.25(b). A section of the crack within the deflection 
seems to be along a slip band at ~45
0 to the tensile loading direction. Similar slip band 
associated cracking and deflections can be seen at other locations along the crack. 
Moreover, there is clearly an intermetallic particle adjacent to the crack on the left side 
which may have facilitated that section of the deflection via a possible decohesion 
mechanism beneath the surface. This is plausible given the striking similarity with the 
particle-induced deflection illustrated in Figure 6.16. Overall, this seemingly unusual 
deflection may be due to a combined influence of slip band cracking and crack-
microstructure interaction. Similar slip band associated crack growth and deflection are 
illustrated in Figure 6.27(a). A replica video animation of this crack is actually provided 
in Figure 6A.2 of Appendix 6A which shows its chronological development. A review of 
the slides in this animation provides a clear picture on the development of the various 
crack deflections along the crack profile which is otherwise difficult to discern by just 
looking at the final crack profile. It can be seen (in the replica animation) that there are 
several cases of microcracking ahead of the main crack which eventually lead to 
intermittent coalescence events that define some of the deflections and the final crack 
profile. The microcracks originate mainly from cracked intermetallics and propagate 
along slip bands emanating from these particles at ~45
0. 
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Similar to the previous observations in Al0.7Si alloy, it can be seen (in Figures 6.19, 
6.21, 6.22, 6.25 and 6.27) that the crack preferentially propagates along the 
intermetallic/Al matrix interfaces whenever it encounters such particles. However, 
cases of propagation through cracked particles are still observed although some of 
these are clearly associated with prior secondary crack initiation as shown by the 
replica animation just discussed. Moreover, additional evidence of crack interaction 
with intermetallic particles is provided by the SEM and SRCT images shown in Figures 
6.28 and 6.29 and the SRCT slice animation in Figure 6A.3 in Appendix 6A. Note that 
information on the Si particle network is lost in the SRCT images due to the small 
difference in X-ray attenuation of Al and Si resulting in minimal contrast between the 
two phases. Moreover, the SRCT images do not show the crack as clearly as in the SEM 
image. However, they do provide some information on the interaction of the crack with 
intermetallic particles in the bulk. It can for example be seen that the large 
intermetallic particle (actually a compound particle of Al
9FeNi & Al
3NiCuFeSi) is part of a 
larger intermetallic network in the bulk. 
6.4  Discussion 
The short fatigue crack growth data for both hipped and unhipped Al0.7Si and Al7Si-Sr 
alloys show classical short crack behaviour which has been the subject of extensive 
research since it was first reported by Pearson [7]. The explanations advanced for this 
behaviour have been highlighted in Section 2.3.4.3 and are mainly centred on the 
invalidity of K as a suitable parameter to characterise short crack growth, absence of 
crack closure and microstructural effects. One significant observation in this work, 
which is not often investigated, is the influence of the applied stress on the short crack 
growth behaviour. Figure 6.3 does indeed show increased crack growth rates with 
increase in the applied stress. This should otherwise not be expected since the growth 
rates are characterised in terms of K. However, the use K to characterise crack 
growth does implicitly assume small-scale yielding such that the size of the plastic 
zone at the crack tip is small with respect to the overall crack length [8]. This 
assumption is mostly violated in short cracks [9] and the extent of this violation 
depends on the applied stress and the yield strength of the material [5] which affect 
the plastic zone size. Moreover, loading conditions used in this work result in a 
plastically deformed layer near the surface of the specimens right from the first 
loading cycle. This stress dependent global and local crack tip plasticity has been 
suggested to result in accelerated growth of short cracks [5, 10, 11] and can be 
attributed to the stress dependent results observed in this work for Al0.7Si alloy.  
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The stress dependence of small crack growth has been previously reported by Caton et 
al. [5] in a 319-type alloy which varied depending on the heat treatment condition and 
SDAS. Moreover, Plumtree and co-workers [12, 13] have also reported higher short 
crack growth rates with increased strain amplitude in a squeeze-cast and extruded Al-
1.4%Cu-1.2%Mg-1.4%Si-T6 alloys [13] and in a squeeze-cast A356-T6 type alloy [12]. 
Plumtree and Schafer [10] indeed observed that at high applied strains ( = 1%), cracks 
grew at faster rates than those at low strains ( = 0.36%). Moreover, growth retardation 
was observed only for cracks at low strains, which is consistent with the observations 
in Figures 6.2 and 6.3 where crack arrest events disappear at higher applied stresses. 
 
Figure 6.4 shows that hipping improves the short crack growth resistance of Al0.7Si 
alloy as discussed in Section 6.3.1.1. The slight improvement observed in the hipped 
Al7Si-Sr alloy may however be associated with the higher stress employed for the 
unhipped alloy. Moreover, the S-N data in Chapter 4 shows that hipping does not 
significantly improve the fatigue life of this alloy. Given that crack initiation life in 
these alloys is negligible in both hipped and unhipped conditions, it is expected that 
the total fatigue life of these alloys is mainly controlled by the propagation of short 
cracks. It is therefore plausible to infer that hipping is not likely to have a significant 
effect on the growth rate of short cracks in Al7Si-Sr alloys. However, crack growth data 
at equivalent applied stresses is required for this to be confirmed. 
 
The improved short crack growth behaviour in the hipped Al0.7Si alloy should be 
expected bearing in mind the significant crack-pore interactions in the unhipped 
version as observed in the current study and previous work [1]. Pore-induced crack 
growth micromechanisms in this alloy have been discussed in detail in Moffat’s thesis 
[1] and in a recent article by the current author on the effect of hipping on long fatigue 
cracks [14] (see Chapter 4). As observed in Chapter 3, the unhipped Al0.7Si alloy has 
an extensive network of crack-like shrinkage pores throughout its microstructure even 
though the overall pore volume fraction is not that high. These pores are shown to be 
irregularly shaped with sharp radius of curvature using 3D SRCT (see the SRCT video 
animation in Figure 3A.1 in Appendix 3A). Microcrack formation at these sharp corners 
are therefore easy to form due to the high local strains. Indeed, multiple crack 
initiation from pores was observed in this alloy both in the current work and in the 
previous work by Moffat [1]. These microcracks eventually coalesce and therefore the 
overall crack growth is expected to be much faster. Moreover, interaction of each 
individual cracks tips with pores was also observed to be quite frequent as illustrated 
in Figure 6.15. It is believed that microcracks are likely to form ahead of the crack tip 
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loading direction [15, 16]. The advancing crack tip may then be attracted to and 
accelerated by these pores. These processes are much more likely to occur in short 
cracks than in long cracks and have indeed been infered from replica records and the 
final crack profiles. 
 
Intermetallic particles are also observed to frequently interact with the short cracks in 
the unhipped Al0.7Si alloy but their influence on the overall crack growth behaviour is 
mostly overshadowed by the influence of pores. However, intermetallics do play a role 
in determining the local crack growth behaviour at locations remote from pores. 
Moreover, it is expected that microcrack formation from pores is facilitated by the 
presence of intermetallics around the pore which serve to raise the local stresses and 
strains further [17, 18]. Figure 6.15 does indeed show some cases of particle 
debonding next to pores. 
 
Pore-induced short crack micromechanisms have not been observed in the hipped 
Al0.7Si alloy but crack-particle interactions are indeed quite common as is the case 
even for the unhipped alloy. A similar behaviour is also observed in the hipped Al7Si-Sr 
alloy as generally shown in Figures 6.19 to 6.28. In all cases, the crack is seen to 
propagate at the interdendritic regions as well as within the primary Al dendrites 
(intradendritic). This is consistent with previous observations [1]. However, qualitative 
observations do suggest that interdendritic crack growth is preferred in both the 
hipped and unhipped versions of Al0.7Si as shown in Figures 6.10, 6.12 and 6.14 and 
6.16. The suggestion by Moffat [1] that the cracks may have a propensity for 
intradendritic crack growth when remote from pores does not seem to be consistent 
with observations in the hipped alloy where porosity effects do not apply. Moreover, 
another key observation not reported in the previous work is that cracks preferentially 
propagate through the intermetallic/Al interfaces whenever they encounter such 
particles. Although propagation through fractured particles is also observed, this is 
less frequent and mostly confined to thin favourably oriented particles (parallel to the 
loading direction). This result is consistent with observations of a precipitate free zone 
around intermetallic particles observed in these alloys as discussed in Chapter 4 (or 
reference [19]). The presence of a precipitate free zone means that the region around 
these particles is softer than the bulk Al matrix. Coupled with higher local stresses due 
to load transfer effects of the intermetallics, interface failure is expected to 
preferentially occur. Particle fracture can and will indeed occur in cases where the 
particle size and orientation are favourable for efficient load transfer as briefly 
discussed in Chapter 4 and in more detail by Starink [20]. 
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The role of grain boundaries must however be considered when interpreting crack-
microstructure interactions and their impact on growth rates. Figures 6.10 and 6.12 do 
indeed show that most of what is otherwise considered to be interdendritic crack 
growth is along grain boundaries. As such, the interface decohesion along intermetallic 
particles located at the grain boundaries could also be augmented by the precipitate 
free zones often observed at the grain boundary as previously reported by Mulvihill 
and Beevers [21]. This also suggests that cracks are likely to preferentially propagate 
along grain boundaries since they provide a weaker path. The exception is when 
cracking in the Al matrix is facilitated by for example slip band formation due to 
accumulation of localised plastic strain within the grain which may be intensified by 
the presence of intermetallics as observed in the hipped Al7Si-Sr alloy (see Figure 
6.25b and the replica animation in Figure 6A.2 in Appendix 6A). A crack will therefore 
be expected to retard or arrest at a grain boundary as it is forced to deflect and grow 
along the boundary. It will continue to grow in this manner until it is favourable for it 
to enter into a new grain or it is unfavourable for it to continue along the boundary. 
The latter case is possible if it does encounter a grain boundary triple point. This is 
consistent with observations in Figures 6.10 to 6.13. It is shown that crack growth 
retardations occur when the crack interacts with a grain boundary. Similar grain 
boundary crack growth retardations have previously been reported by Mulvihill and 
Beevers [21] for an Al-4.5%Cu alloy. Several other researchers [17, 22-24] have 
observed similar grain boundary effects on the short crack growth behaviour in A356 
and 357 type alloys as discussed in more detail in Section 2.4.2. 
 
Crack growth retardation and arrest events are also observed at intermetallic particles 
in both hipped Al0.7Si and Al7Si-Sr alloys. Crack retardation at particles may be partly 
associated with forced deflections as the crack seeks to propagate through the weak 
interfaces and as such will depend on the particle size and orientation relative to the 
plane of the crack tip. Intact (uncracked) particles oriented normal to the crack plane 
are expected to be effective barriers and the crack will be forced to deflect sharply in 
order to bypass the particle or continue to be arrested until the particle eventually 
fails. On the other hand, particles ahead of the crack tip which are oriented parallel to 
the crack plane are expected to offer least resistance along their interface. However, 
previously failed particles (debonded or fractured) seated ahead of the crack tip will 
naturally provide the weakest path. Some of these possible crack-particle interactions 
are discussed in detail in reference [1]. Whether a particle acts as an effective barrier or 
a weak path ultimately depends on its load carrying capacity which depends on its size 
and orientation and whether it is already cracked or debonded by the time the crack 
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Contrary to Moffat’s observations on the unhipped Al7Si-Sr alloy [1], significant 
damage was observed around eutectic Si particles in the unhipped alloy and crack 
propagation within the eutectic region was preferentially through the Si/Al interface. 
This is actually quite consistent with various previous reports on Al-Si alloys [12, 25, 
26]. Moreover, it is expected considering the resultant shape and overall structure of 
the Si particle network after hipping and how this transformation affects load transfer 
to the particles [20]. As discussed in Chapter 3, hipping transforms the Si particles 
from a fibrous coral-like interconnected network to more rounded and discrete 
particles. These particles are more likely to debond than fracture considering their 
relatively small size and rounded morphology. It is therefore expected that crack 
growth would preferentially seek out these debonded regions within the eutectic since 
they provide a weaker path. However, eutectic regions as a whole may behave as 
effective crack growth barriers as observed in the hipped Al7Si-Sr alloy. The 
effectiveness (as a barrier) of any given eutectic region encountered by a crack tip is 
likely to depend on the extent of particle clustering (Si and intermetallics) as well as 
whether there are favourably oriented damage sites that would enhance the crack 
channelling effect proposed by Moffat [1]. The presence of such crack channelling 
would render the eutectic region impotent as pertains to crack growth retardation. This 
may explain why crack retardation was not always observed at the eutectic regions in 
this study. However, confirmation of this requires grain boundary mapping along the 
crack profile of the hipped Al7Si-Sr alloy to ascertain whether crack retardations are 
associated with grain boundaries as has been observed in the hipped Al0.7Si alloy. 
6.5  Conclusions 
The short crack behaviour of hipped Al0.7Si and A7Si-Sr alloys were investigated and 
compared with previous and current results on their unhipped counterparts. Classical 
short crack growth behaviour was observed in all alloys investigated. Crack growth 
rates exhibited significant scatter with frequent crack decelerations and even arrest 
especially at low applied stresses. All the short cracks investigated were also observed 
to grow at faster rates than long cracks at equivalent K values and also grew at 
significantly higher rates even when K was far below the K
th for long cracks. 
Moreover, a stress effect was observed in the hipped Al0.7Si alloy with increased 
growth rates generally observed with increase in stress. 
 
Hipping resulted in improved fatigue crack growth resistance in Al0.7Si which was 
attributed to the absence of pore-induced crack growth acceleration. Such 
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the minor differences in porosity observed between the hipped and unhipped versions 
of the alloy.  
 
Frequent crack growth retardations were observed at intermetallics particles and grain 
boundaries in the hipped Al0.7Si alloy and at eutectic regions in Al7Si-Sr alloy. 
However, the effect of grain boundaries on the crack growth behaviour of Al7Si-Sr is 
yet to be confirmed. 
 
The short cracks were observed to be interdendritic and intradendritic as well as 
intergranular and transgranular in the hipped Al0.7Si alloy. However, there was a 
higher propensity for interdendritic and intergranular crack growth in this alloy. No 
such preferential crack growth was observed for the hipped Al7Si-Sr alloy. 
 
Finally, short cracks were observed to preferentially grow along the particle/Al 
interface in all alloys whenever they encountered such particles. This observation 
remained true for both intermetallic particles and eutectic Si. T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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Figure 6.1: Short fatigue crack growth data for the hipped and unhipped Al0.7Si alloy 
compared with the corresponding long crack growth data. 
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Figure 6.2: Comparison of repeat short fatigue crack growth data from the current 
study to previous results by Moffat [1] for unhipped Al0.7Si alloy. The previous work 
was conducted at a maximum stress and strain of 132 MPa and 0.55, respectively. The 
loading conditions for the repeat test were slightly higher at 
max=138 MPa and 

max=0.61. 
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Figure 6.3: Short fatigue crack growth data for hipped Al0.7Si alloy showing the effect 
of applied stress. The maximum applied stresses were 168 MPa for specimen 1 (trend 
lines in black), 176 MPa for specimen 2 (green) and 168 MPa for specimen 3 (red). 
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Figure 6.4: Comparison of the short fatigue crack growth data for the hipped and 
unhipped Al0.7Si alloy. The hipped specimens were tested at 168 MPa (magenta) and 
176 MPa (blue). The unhipped specimens were tested at 132 MPa (black) for Moffat’s 
test and 138 MPa (red) for the repeat test. 
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Figure 6.5: Selected short fatigue crack growth data for the hipped Al0.7Si alloy 
showing periodicity in crack growth retardations. 
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Figure 6.6: Short fatigue crack growth data for the hipped and unhipped Al7Si-Sr alloy 
compared with the corresponding long crack growth data. T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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Figure 6.7: Short fatigue crack growth data for the hipped Al7Si-Sr alloy showing 
periodicity in crack growth retardations in (a) the specimen interrupted at 94000 cycles 
and (b) the specimen tested to failure at 125141 cycles. The growth rates of individual 
crack tips are shown in dashed lines.
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Multiple crack initiation sites
 
Figure 6.8: Multiple crack initiation sites for the hipped Al0.7Si specimen loaded at the 
highest maximum stress (197 MPa). Crack initiation was mainly from intermetallics 
except one case where a crack initiated from a small pore as shown. (Note that the 
actual pore location is different.) T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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Figure 6.9: Formation and early growth of a short fatigue crack in the interrupted test 
for hipped Al0.7Si alloy. Replica images are shown in (a) and optical & SEM images of 
the actual crack on the fatigue specimen are shown in (b) & (c).
(a) 
(b) 
(c) 
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Figure 6.10: Interaction of tipA of a short crack in the hipped Al0.7Si alloy with 
intermetallics (a & b) and grain boundaries (c) for the specimen tested at 
max=168 MPa.  
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Figure 6.11: Short crack retardation and arrest events of tipA vs. the corresponding 
loading cycles in (a) as identified using replicas and shown in Figure 6.10 and the 
corresponding K in (b).
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Figure 6.12: Interaction of tipB of the short crack, shown in Figure 6.9, with 
intermetallics and grain boundaries.T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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Figure 6.13: Short crack retardation and arrest events of tipB vs. the corresponding 
loading cycles in (a) as identified using replicas and shown in Figure 6.12 and the 
corresponding K in (b). 
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Figure 6.14: The interaction of the short fatigue crack in Figure 6.9 with intermetallic 
particles. The images were taken from approximately equivalent locations of both 
crack tips (K values starting from just below 3 MPam at the left hand side of each 
image). 
~290000 – 335000 cycles (tipB) 
~325000 – 345000 cycles 
(tipA) 
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Figure 6.15: Typical examples of short crack interaction with porosity in the unhipped 
Al0.7Si repeat test specimen. 
(a) 
(b) 
Porosity 
Porosity 
Intermetallics 
Debonded particles 
adjacent to pores T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
 
245 
 
 
 
Figure 6.16:  (a) An SEM image of a hipped Al0.7Si secondary crack growing through 
debonded and fractured intermetallics. (b) to (f) SRCT slice images of the crack at 
various positions. SRCT slice animations of this crack are also provided in Appendix 
6A.1. 
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Figure 6.17: A rendered 3D SRCT image of the crack shown in Figure 6.16 illustrating 
its shape and the intermetallic structure in its vicinity. Note that the intermetallic 
structure is less dense to the right of the image and is aligned in a distinct pattern.  
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Figure 6.18: A replica record of the initiation and early growth of a short crack in a 
hipped Al7Si-Sr alloy. T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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Figure 6.20: A replica record of the initiation and early growth of other short cracks in 
a HIP Al7Si-Sr alloy. These two cracks eventually coalesced. 
 
Crack A initiation 
Crack B initiation 
Al
9FeNi
 
Al
9FeNi
 
(b) 
(c)  Figure 6.19: A comparison of (a) 
replica, (b) optical and (c) SEM images 
of the initiation site of the crack shown 
in Figure 6.18. Initiation occurred via 
decohesion of an Al
9FeNi particle. Note 
that the replica does not clearly show 
the eutectic Si network as seen in the 
optical image and to some extent in the 
SEM image. T.O. Mbuya                          Chapter 6: Micromechanisms of short fatigue crack growth 
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Figure 6.21: Optical and SEM images of the initiation site of crack A shown in Figure 
6.20. Initiation occurred via fracture of two Al
9FeNi particles. One of the cracks 
arrested early. Crack growth can be seen through the Al-Si eutectic in which Si particles 
are mainly debonded.
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Figure 6.22: Optical and SEM images of the initiation sites of crack B shown in Figure 
6.20. Initiation occurred via debonding and fracture of two Al
9FeNi particles and an 
Al
2Ni(CuSiZrFeMg) particle. Note that the SEM image is reproduced from Fig. 3.19 (a) to 
facilitate comparison with the optical image. 
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Figure 6.23: Optical images of selected sections of crack A & B shown in Figure 6.20. 
(a) Shows tip 2 of crack B while (b) was taken from near tip 1 of crack A (i.e. the tip on 
the left hand side). These images clearly show extensive damage at the eutectic 
regions. 
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Figure 6.24: (a) Crack-microstructure interaction of the outer tips (Atip1 & Btip2) of the 
short cracks in Figure 6.20. (b) & (c) Short crack retardation and arrest events of both 
tips vs. the corresponding loading cycles (in units of 1000 cycles) and K.
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Figure 6.25: Higher magnification SEM images of the coalescence region (a) and the 
unusual crack deflection (b) observed along the crack shown in Figure 6.24(a). 
(a) 
(b) 
Crack coalescence region. 
Unusual crack deflection 
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Figure 6.26: (a) Crack-microstructure interaction of another short crack for the hipped 
Al7Si-Sr alloy. (b) & (c) Short crack retardation and arrest events of the crack in (a) vs. 
the corresponding loading cycles (in units of 1000 cycles) and K. 
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Figure 6.27: (a) Crack-microstructure interaction of another short crack for the hipped 
Al7Si-Sr alloy. (b) & (c) Short crack retardation and arrest events of the crack in (a) vs. 
the corresponding loading cycles (in units of 1000 cycles) and K. A replica video 
animation of this crack is provided in Appendix 6A.2 which shows its chronological 
development.
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Figure 6.28:  (a) An SEM image of a hipped Al7Si-Sr secondary crack initiated from an 
intermetallic particle and growing through the Al-Si eutectic structure. (b) to (f) SRCT 
slice images of the crack at various positions from the surface and (g) to (k) selected 
transverse SRCT slices through the crack (near the initiation site). SRCT slice 
animations of this crack are provided in Appendix 6A.3. 
(a) 
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Figure 6.29: A rendered 3D SRCT image of the crack shown in Figure 6.28 illustrating 
its shape and the extensive nature of the initiating intermetallic particle. 
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Chapter 7  Conclusions and future work 
7.1 Conclusions 
 
A comparative analysis of the microstructure and fatigue failure micromechanisms of 
unhipped and hipped versions of low Si model piston alloys (i.e., Al7Si-Sr and Al0.7Si) 
have been carried out using a combination of various image analysis tools and fatigue 
testing. The image analysis tools used include optical microscopy (OM), scanning 
electron microscopy (SEM) and synchrotron x-ray microtomography (SRCT). The 
unhipped alloys were supplied as unfinished pistons subjected to T5 temper at 230
oC 
for 8 h while the hipped versions were supplied after hipping at 490
oC and 100 MPa for 
4 h, followed by solution treatment at 480
oC for 2 h, a water quench and finally aged 
for 8 h at 230
oC. All the specimens for microstructure analysis were sectioned from 
various crown locations and overaged at 260
oC for 100 h before being polished to 
~0.05 µm for OM and SEM observation. 2D quantitative microstructure analysis was 
carried out using standard stereological techniques as well as ImageJ on selected OM 
and SEM micrographs. Moreover, the various secondary phases observed were 
identified using an energy dispersive X-ray suite fitted to the SEM. Microstructure 
features and porosity were further quantified using 3D SRCT volumes of specimens 
sectioned from various regions of the piston crowns for both hipped and unhipped 
alloys.  
 
Furthermore, specimens for tensile, S-N fatigue, long and short fatigue crack growth 
testing were sectioned from the piston crowns and subjected to the same overaging 
treatment before testing. The S-N fatigue and short crack specimens were also 
polished to ~0.05 µm before testing.  Short crack growth data was obtained using the 
acetate replica method. Post failure analysis of S-N, short and long crack growth 
fatigue specimens was carried out using various techniques including OM, SEM and 
SRCT. 
  
The results of this analysis are summarised as follows: 
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•  Phase analysis of the hipped alloys showed the presence of Al
3(CuNi)
2, Al
3Ni, 
Al
9FeNi and oxide films in Al0.7Si alloy. Other phases such as λ-Al
5Cu
2Mg
8Si
6, 
Al
7Cu
4Ni and α-AlFeMnSi are also believed to occur in this alloy but these were not 
observed in the current study which can be attributed to the limited phase analysis 
that was carried out. The phases identified in the hipped Al7Si-Sr include 
Al
3(NiCu)
2, Al
9FeNi and λ-Al
5Cu
2Mg
8Si
6. It is also believed that trace amounts of 
Al
7Cu
4Ni, Al
3Ni and α-AlFeMnSi can occur in this alloy although these were not 
observed. However, two new phases were also observed in this alloy and identified 
as Al
3(NiCuFeSi)
2 and Al
2Ni(CuSiZrFeMg) based on their approximate stoichiometry. 
The chemical composition of the Al
3(NiCuFeSi)
2 phase is close to that of Al
3(NiCu)
2 
except for its higher Si and Fe contents. On the other hand, the Al
2Ni(CuSiZrFeMg) 
phase contains significant amounts of Zr, Ni, Si and Cu along with smaller 
quantities of Fe and Mg. 
 
•  Quantitative microstructure analysis of the hipped alloys showed that there are no 
significant discernible differences in the microstructure from the different piston 
crown locations investigated except for the top location at the middle of the crown 
which exhibit fine microstructure (i.e., small SDAS and DCS). However, this location 
is closer to the piston surface than the other locations investigated. Its fine 
microstructure can therefore be attributed to a higher cooling rate it is likely to 
have experienced due to the chilling effect of the mould wall. However, the V
f, L
3 
and λ values of hard particles for all the crown locations investigated were shown 
to fall within the standard deviations of each. There is however significant scatter 
in the results which suggests a highly inhomogeneous local spatial distribution of 
hard particles.  
 
•  Qualitative and quantitative 2D and 3D analysis showed that hipping does not 
seem to significantly affect the intermetallic structures of both Al0.7Si and Al7Si-Sr 
alloys. Moreover, the intermetallics in both alloys were shown to be highly 
interconnected in 3D space with frequent clustering being observed, especially in 
alloy Al0.7Si. On the other hand, the eutectic Si particles in the hipped Al7Si-Sr 
alloy are larger, spheroidised and isolated as discrete particles as opposed to the 
unhipped alloy in which they appeared as finer coral-like fibrous structures with 
significant interconnectivity. The fragmentation and coarsening of Si particles after 
hipping can be attributed to higher temperature holding during the hipping and 
solution heat treatment stage.  
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•  The 3-parameter lognormal distribution of intermetallic particle size data obtained 
from the SRCT volumes shows that the particle sizes are heavily skewed towards 
smaller particles and that hipping does not seem to affect the overall particle size 
and shape distribution. However, the particle size distributions in Al0.7Si alloys are 
slightly skewed towards larger particles when compared to the particle size 
distribution of Al7Si-Sr alloys. Moreover, in both sets of alloys, the particle 
circularity drops sharply from ∼0.2 to 1 for small particles to less than 0.2 for 
particles larger than ∼20 µm. The relationship between particle size and aspect 
ratio is however not as apparent. 
 
•  Extreme-value statistics (EVS) analysis of pore size data shows that the largest 
particle sizes from representative control volumes can be fitted to a Gumbel 
extreme value distribution function except for the particles in the hipped Al0.7Si 
alloy. In this alloy, the largest particle size distribution indicates two populations 
which may be attributed to the presence of large clusters. Nevertheless, it was 
demonstrated that there is a good correlation between the estimated largest 
particle size using EVS analysis and the lower bound fatigue life (or the largest 
fatigue initiating particle) 
 
•  Results show that hipping significantly reduces porosity in alloy Al0.7Si in terms 
volume fraction and overall size distribution. Porosity reduction in alloy Al7Si-Sr is 
however not as significant although the level of porosity in this alloy was already 
significantly low even in the unhipped state. SRCT analysis showed that pores in 
the unhipped alloys (especially in Al0.7Si) exhibit complex morphologies typical of 
shrinkage related porosity while they are generally less complex and of 
significantly reduced size in the hipped alloys. It was shown that the sphericity (and 
circularity) of pores drops sharply with increase in pore size whereas the 
relationship between pore size and aspect ratio is not clearly apparent. In the 
hipped alloys, there is an indication of low level clustering of pores which indicates 
they were possibly shrinkage pores that were broken down during hipping and 
thus isolating their branched arms into individual isolated pores of reduced size. 
Some of the segmented pores in the unhipped Al0.7Si alloy were shown to extend 
across several dendrite arms in length and yet significantly thin such that although 
the volume coverage of porosity could be small in the alloy, the overall area 
coverage can be quite significant.  
 
•  The S-N fatigue data show that hipping does not affect the fatigue life of Al7Si-Sr 
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fatigue performance of hipped Al7Si-Sr is attributed to the fact that hipping did not 
have any significant influence on the level of porosity in this alloy. However, fatigue 
crack initiation was shown to occur at intermetallic particles (mainly the Al
9FeNi 
phase) and not from porosity. In hipped Al0.7Si alloy, fatigue cracks were observed 
to originate mainly from intermetallic particles and sometimes from oxide 
particles/films. Furthermore, fatigue cracking was also frequently observed at 
intermetallic clusters in this alloy. The scatter in fatigue life was found to correlate 
well with the size of fatigue crack initiating particles and the exponent of the power 
law distribution function fitted to particle size distribution. 
 
•  Results of tensile testing showed that hipping increased the ductility of Al0.7Si and 
A7Si-Sr by 100 % and 68%, respectively. However, improvements in YS and UTS 
were marginal. Furthermore, the hipped alloys showed improved fatigue crack 
growth resistance particularly at near threshold and at high ∆K. Growth reductions 
of up to 80% are observed for Al0.7Si at high ∆K while on average 40% are observed 
at near threshold and in Al7Si-Sr at both low and high ∆K. No significant 
improvement was observed at mid ∆K for both alloys. This reduction in crack 
growth rates due to hipping was attributed to the role of pores in accelerating 
crack advance due to increased damage ahead of the crack tip.  
 
•  Analysis of the crack path profiles and fracture surfaces showed that the crack 
tends to avoid Si and intermetallic particles at low ∆K levels up to a ∆K level of ∼7 
MPa√m. However, some particles do fail ahead of the crack tip to facilitate crack 
advance due to the interconnected microstructure of these alloys. At higher levels 
of ∆K, the crack increasingly seeks out Si and intermetallic particles up to ∼9 
MPa√m after which the crack prefers to propagate mainly through these 
intermetallic particles. It was also observed that crack interaction with 
intermetallics caused crack deflections which may result in roughness induced 
crack closure and oxide induced crack closure at low to mid ∆K. However, crack 
closure is unimportant at high ∆K due to the higher attendant crack opening levels. 
 
•  Classical short crack growth behaviour was observed in all alloys investigated. 
Crack growth rates exhibited significant scatter with frequent crack decelerations 
and even arrest especially at low applied stresses. All the short cracks investigated 
were also observed to grow at faster rates than long cracks at equivalent ∆K values 
and also grew at significantly high rates even when ∆K was far below the ∆K
th for 
long cracks. Moreover, a stress effect was observed in the hipped Al0.7Si alloy with 
increased growth rates generally observed with increase in stress. T.O. Mbuya                                                     Chapter 7: Conclusions and future work 
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•  Hipping resulted in improved short crack growth resistance in Al0.7Si which was 
attributed to the absence of pore-induced crack growth acceleration. Such 
improvement could not be discerned for the hipped Al7Si-Sr because of the minor 
differences in porosity in the hipped and unhipped versions of this alloy.  
 
•  Frequent crack growth retardations were observed at intermetallics particles and 
grain boundaries in the hipped Al0.7Si alloy and at eutectic regions in Al7Si-Sr 
alloy. However, the effect of grain boundaries on the crack growth behaviour of 
Al7Si-Sr is yet to be confirmed. 
 
•  The short cracks were observed to be interdendritic and intradendritic as well as 
intergranular and transgranular in the hipped Al0.7Si alloy. However, there was a 
higher propensity for interdendritic and intergranular crack growth in this alloy. No 
such preferential crack growth was observed for the hipped Al7Si-Sr alloy. 
 
•  Finally, short cracks were observed to preferentially grow along the particle/Al 
interface in all alloys whenever they encountered such particles. This observation 
remained true for both intermetallic particles and eutectic Si. T.O. Mbuya                                                     Chapter 7: Conclusions and future work 
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7.2 Future Work 
 
The following provide possible directions for future work: 
 
1.  Useful information on the acceleration and deceleration of short fatigue cracks can 
be obtained from SRCT scans of interrupted short crack tests. By comparing SRCT 
images with acetate replicas taken at different stages during cyclic loading, it is 
possible to correlate the crack growth rates with the local microstructure at the 
crack tip. Although the determination of crack depth will invariably be an estimate, 
this analysis will nevertheless provide more information on 3D crack advance than 
otherwise possible from SRCT scans of secondary cracks (whose growth history is 
unknown). Furthermore, holotomography imaging would be preferred for adequate 
contrast between Al and Si in Al7Si-Sr and also for adequate crack detection 
especially near the tip where crack opening is likely to be in the subvoxel range. 
Since cracked samples with replica information are already available, this work can 
form an immediate short term goal of future work. 
 
2.  Moreover, limited grain boundary mapping carried out in this work (in collaboration 
with Prof. Rachel Thomson’s group at Loughborough University) shows that grain 
boundaries have a significant influence on the behaviour of short cracks of the 
hipped Al0.7Si alloy investigated. It is not clear whether similar grain boundary 
effects exist in Al7Si-Sr alloy and indeed in the long crack growth behaviour of both 
alloys. This can also form an interesting area of immediate future work and is 
complimentary to the SRCT studies. 
 
3.  High temperature short crack growth behaviour of these alloys has not yet been 
investigated despite the obvious usefulness of such data since these alloys are 
designed to operate in service environments with maximum temperatures of at 
least 350
oC. The importance of such a study can therefore not be gainsaid. 
Moreover, it would be scientifically interesting to explore differences in failure 
micromechanisms at different temperatures. 
 
4.  In-situ room and high temperature crack monitoring using holotomography 
coupled with post-mortem grain boundary mapping would be the ideal 
experimental program as it will provide more accurate information on the 
operating mechanisms of crack growth. 
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5.  The effect of crack closure on long crack growth has been inferred from 
observations made in this work as discussed in Chapter 5. It would be interesting 
to carry out crack closure measurements to establish the extent of its influence on 
crack growth in both of these alloys. 
 
6.  Finite element analysis (FEA) of stress concentration and strain accumulation 
around microstructure features during cyclic loading needs to be carried out. This 
can be used in conjunction with a suitable crack initiation model to provide a 
predictive tool for fatigue crack initiation life.  
 
•  The most significant challenge to FEA work on these alloys lies in their 
complex and interconnected microstructure. However, the key 
microstructure features which influence damage accumulation and fatigue 
crack initiation can be captured in a suitable simplified representative 
volume element within the framework of continuum mechanics in a manner 
similar to the method used by Gao et al. [1]. In their work, Gao et al. [1] 
used a micro-cell model to capture the key microstructure features in an 
A356-T6 alloy. Notwithstanding, the interconnectivity of the microstructural 
features in the alloys investigated in this study, their microstructures still 
retain a clear dendritic network. As such, Gao et al’s micro-cell model can 
be directly adopted with the cell consisting of an Al matrix and an 
embedded eutectic region containing distributed intermetallic particles for 
Al0.7Si or Si and intermetallic particles in Al7Si-Sr. The complex shapes of 
intermetallic particles can be simplified into ellipses of equivalent aspect 
ratio. This method has previously been adopted to simplify the complex 
pore morphologies into ellipsoids and the predicted fatigue strengths were 
shown to compare well with experimental data [2].  
 
•  The size and shape of the cell, including the particle size and spatial 
distribution can be based on the stereological results presented in Chapter 
3. Furthermore, most of the material properties required for FEA are already 
available in the literature or can be easily characterised by experiment (see 
for example [3, 4] for data on hard particles and the Al matrix). With this 
information available, it should be possible to evaluate the stress 
concentrations and accumulation of strains at the microstructural features 
via FEA. It should then be possible to use this information to determine the 
fatigue damage resistance of the alloy and/or predict the number of load 
cycles required for cracks to form at any applied stress amplitude. The T.O. Mbuya                                                     Chapter 7: Conclusions and future work 
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latter can be achieved by suitable substitutions of the predicted cyclic 
plastic strains in a Coffin-Manson type crack nucleation life model (see for 
example [4]). Further, it should be possible to predict total fatigue life by 
incorporating the crack propagation stage in a unified model that includes 
both crack initiation and propagation.  
•  It is certainly possible to obtain 3D representative microstructural models 
from the SRCT data using appropriate software such as ScanFE or Amira 
which can then be converted directly into a representative 3D FE mesh for 
subsequent 3D FEA calculations as suggested by Moffat [5]. However, this is 
only possible with the SRCT data for alloy Al0.7Si. The lack of contrast 
between Al and Si in the SRCT data of Al7Si-Sr implies that holotomography 
will be required. 
 
7.  Additional modelling opportunities stem from observations of multiple crack 
initiation and subsequent crack interactions leading to either coalescence or 
shielding events with continued cyclic loading. Crack interactions have particularly 
been observed to be severe in alloy Al0.7Si especially at higher applied stress levels 
or in the unhipped alloy. Modelling crack interactions and incorporating this in a 
unified crack growth model is non-trivial because of its stochastic nature. However, 
it is possible to use Monte-Carlo statistically based simulations to predict crack 
shielding and coalescence events based, for example, on the studies by Lefebvre 
[6]. This requires the probabilities of, for example, crack growth, crack arrest or 
crack coalescence to be defined. T.O. Mbuya                                                     Chapter 7: Conclusions and future work 
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